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Abstract

The interplay of screw dislocations with carbon atoms is investigated in tungsten at high temperature using in situ
straining experiments in a transmission electron microscope (TEM) and through ab initio calculations. When the tem-
perature is high enough to activate carbon diffusion, above 1373 K, carbon segregates in the core of screw dislocations
and modifies their mobility, even for a carbon concentration as low as 1 appm. TEM observations reveal the reappear-
ance of a Peierls mechanism at these high temperatures, with screw dislocations gliding viscously through nucleation
and propagation of kink-pairs. The mobility of screw dislocations saturated with carbon atoms is then investigated
with ab initio calculations to determine kink-pair formation, nucleation and migration energies. These energies are
used in kinetic Monte-Carlo simulations and in an analytical model to obtain the velocity of screw dislocations as a
function of the temperature, the applied stress and the dislocation length. The obtained mobility law parametrised on
ab initio calculations compares well with experiments.
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1. Introduction

At low temperatures, motion of screw dislocations
with 1/2 〈111〉 Burgers vector controls the development
of plasticity in body-centred cubic (BCC) metals like
tungsten. These dislocations glide viscously one Peierls
valley at a time by the nucleation and propagation of
kink-pairs [1, 2]. As this Peierls mechanism is the rate
controlling mechanism, gliding dislocations straighten
along their screw orientation. But, as the temperature
increases, the lattice friction opposing glide of screw
dislocations becomes less effective. Above a critical
temperature, screw dislocations can glide as easily as
other orientations and plasticity proceeds by free glide
of dislocations between obstacles. This critical temper-
ature where the Peierls mechanism becomes athermal is
around 600 K in tungsten [3–5] (homologous tempera-
ture 0.16 Tm, with Tm the melting temperature).
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Recent tensile test experiments performed in situ in a
transmission electron microscope (TEM) on BCC iron
of different purity [6, 7] have challenged this general un-
derstanding of plasticity evolution with temperature in
BCC metals. While the Peierls mechanism disappears at
300 K in iron (homologous temperature 0.17 Tm), these
experiments have shown the reappearance of a lattice
friction on screw dislocations at high temperature. Dis-
locations lock in their pure screw orientation at 500 K
and straight screw dislocations move again viscously
above this temperature. At this transition temperature,
the rate of carbon diffusion becomes comparable to the
motion of mobile dislocations and, although the high-
purity iron samples contain only 1 and 20 appm of car-
bon, the reappearance of a Peierls mechanism at high
temperature appears to be driven by the interaction of
screw dislocations with carbon impurities. Ab initio
calculations have confirmed this scenario by showing
that the attraction between screw dislocations and car-
bon atoms is strong enough to lead to carbon segrega-
tion on screw dislocations, which thus glide with their
carbon atmosphere, and that, even at such low nominal
concentrations, the system contains enough carbon to
fully saturate the dislocation cores [8].

Ab initio calculations have shown the same strong
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attraction between C atoms and screw dislocations
in tungsten [9–11] and thermodynamics predicts that
screw dislocations remain fully saturated by C atoms
up to 2500 K [11]. A reappearance of the Peierls mech-
anism is therefore expected also in tungsten, but at a
higher temperature than in iron because of the higher ac-
tivation energy for C diffusion in tungsten than in iron,
respectively 2.32 and 0.83 eV [12]. Observation of dy-
namic strain ageing around 900 K in tungsten “heavy
metal” with a high carbon content [13] is another indi-
cation of a strong attraction between carbon and dislo-
cations, possibly in their screw orientation. Although
in situ TEM straining experiments have been already
performed in pure tungsten [5], no observation of dis-
location motion exists in tungsten above 600 K. But this
temperature is too low to allow for fast enough carbon
diffusion compared to dislocation motion, thus prevent-
ing the carbon atoms to reach thermodynamic equilib-
rium and to segregate on screw dislocations as predicted
by ab initio calculations [11].

In the present article, we perform some new in
situ TEM straining experiments in tungsten at higher
temperatures than in previous experiments [5], up to
1550 K, to confirm the reappearance of a lattice friction
opposing glide of screw dislocation at high temperature.
The mobility of screw dislocations in this temperature
range where C atoms are mobile and segregate in the
dislocation cores is then analysed with the help of ab
initio calculations. Formation, nucleation and migration
energies of a kink-pair on a screw dislocation saturated
with C atoms are obtained from these calculations and
are used then in various kinetic models to obtain the dis-
location velocity as a function of the temperature and of
the applied stress.

2. TEM in situ straining experiments

2.1. Experimental details

In situ straining experiments are carried out in a JEOL
2010HC TEM operating at 200 kV, with a locally devel-
oped high-temperature straining holder working up to
1573 K, which requires an input power of 30 W. It is a
new version of the holder described in Ref. [14]. The
foil temperature has been calibrated by observing the in
situ melting of aluminium (933 K), silver (1235 K), cop-
per (1358 K) and silicon (1687 K). Microsamples are
cut in the pure tungsten single crystal already used in
similar experiments at lower temperatures [5]. It is the
same material as previously studied by Brunner and co-
workers in Stuttgart [3]. It contains less than 1 appm
of oxygen, carbon, nitrogen, and silicon, and less than

0.1 appm of other elements. Microsamples are rectan-
gles cut in different planes and along different direc-
tions by spark cutting. They are mechanically polished
to 10 µm thick, and electro-polished until the formation
of a thin edged hole at their centre. They are subse-
quently glued on specially designed rings using a high-
temperature cement, and fixed in the straining holder.
Videos are recorded at a speed of 25 images per second
using a Megaview III camera, and analysed frame by
frame. Crystal orientation, Burgers vectors, slip planes
and line directions of moving dislocations are easily de-
termined in three dimensions via observations under dif-
ferent tilt angles and diffracting conditions. Three sam-
ples have been successfully strained at increasing or de-
creasing temperatures. They are denoted

• S1: (013) foil plane and [831] tensile axis,

• S2: (100) foil plane and [032] tensile axis,

• S3: (313) foil plane and [101] tensile axis.

Videos related to these experiments can
be found as supplementary materials
(https://doi.org/10.1016/j.actamat.2021.117440).

2.2. Results
All three samples exhibit the same behaviour, namely

an FCC-like motion of curved dislocations below
1373 K, and a viscous motion of straight screw dislo-
cations above.

Fig. 1 illustrates the low-temperature behaviour, here
at 873 K in sample S1. Four near-screw dislocations
with Burgers vector 1/2 [111] glide in the (101) plane
at variable velocities, mostly determined by stop at and
escape from obstacles which cannot be identified but
may be fixed clusters of immobile solute atoms. The in-
stantaneous velocity between immobile positions is too

Figure 1: Dislocation motion observed at 873 K in S1 sample:
1/2 〈111〉 dislocations are gliding in the (110) plane.
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high to be precisely measured. Since displacement of
more than 100 nm are observed within less than time
resolution of the video (1/50 s), this velocity at 873 K
is larger than 5 µm s−1. This behaviour with no clear
specific characteristic feature is similar to what can be
frequently observed at low temperature in FCC metals.

Figure 2: Dislocation motion observed at 1423 K in sample S1. A is a
fixed point and (c) is the difference between images (a) and (b).

The same S1 sample strained at 1423 K is shown in
Fig. 2. Dislocations with Burgers vector 1/2 [111]
straighten along their screw orientation. The screw
character of the dislocations has been checked in TEM
using different tilt angles. These dislocations glide
slowly and viscously in the edge-on (110) planes, as
shown in Fig. 2c which is the difference between im-
ages 2a and b. The same behaviour is observed in the S2
sample strained at 1423 K (Fig. 3): straight screw dislo-
cations with Burgers vector 1/2 [111] glide slowly and
viscously in (011) planes. In both dynamic sequences at
1423 K, the dislocation velocity is rather constant and of
the order of 2 nm s−1, namely much steadier and slower
than at 873 K.

Fig. 4 also shows the viscous glide motion of a long
screw dislocation noted d at 1413 K in sample S3. The
1/2 [111] Burgers vector is almost parallel to the foil
plane and the slip plane is (110). Since this screw ori-
entation is a priori unstable with respect to thin foil ef-

Figure 3: Viscous glide of straight screw dislocations in sample S2
strained at 1423 K. A-E are fixed points and (c) is the difference be-
tween images (a) and (b). See video as supplementary material.

Figure 4: Viscous glide of straight screw dislocations in sample
S3 strained at 1413 K. Letter d refers to a screw dislocation with
1/2 [111] Burgers vector gliding downward in a (101) plane, and
letters d’ refer to temporarily immobile screw dislocations with
1/2 [111] Burgers vector. X is a fixed point. See video as supple-
mentary material.

fects tending to rotate the dislocations to their shorter
edge orientation perpendicular to the foil surfaces, this
observation emphasises the strength of the high lattice
friction maintaining the dislocations in their screw ori-
entation at high temperature.
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Figure 5: Evolution under decreasing temperatures of dislocations
noted d’ in sample S3. The observation zone is the same as in Fig.
4. The short straight screw dislocations d’ on the left of image (a)
progressively disappear with decreasing temperature. Few disloca-
tions belonging to another slip system, like d in (b), can also be seen.
The growing precipitates near A in (c) are due to an accidental pollu-
tion of the sample surface. A is a fixed point.

Another family of shorter screw segments with Burg-
ers vector 1/2 [111] and noted d’ in Fig. 4 is also visi-
ble. The evolution of these shorter screw segments upon
straining at decreasing temperatures is shown in Fig. 5.
The screw dislocation segments d’ visible at 1473 and
1413 K, are no more present at 1323 K. This confirms
that there is a transition at around 1373 K between two
different mechanisms controlling dislocation mobility.

2.3. Discussion

We observe here in tungsten with a low concentration
(less than 1 appm) of carbon, nitrogen, oxygen and sili-
con the same dislocation behaviour as in ultra-pure iron
containing the same low amount of the same elements
[6, 7], but at higher temperatures in tungsten (1400 K)

Table 1: Temperature T act (in K) at which the Peierls mechanism reap-
pears in tungsten and iron and activation energy Ediff

X (in eV) for solute
diffusions (values are from [12] for C, N and O and from [16, 17] for
Si diffusion). The ratio r between corresponding values in both metals
is given in the last line.

T act Ediff
C Ediff

N Ediff
O Ediff

Si
W 1400 2.32 1.55 1.04 0.40
Fe 500 0.83 0.80 1.73 0.50
r 2.8 2.8 1.9 0.6 0.8

than in iron (500 K). It has been shown in iron, by vary-
ing the carbon concentration, that this dislocation be-
haviour is controlled by carbon: such a carbon content is
responsible for the slow and viscous motion of straight
screw dislocations at high temperatures where the dislo-
cation glide motion becomes controlled by carbon dif-
fusion. Ab initio calculations show the same strong in-
teraction between carbon atoms and screw dislocations
leading to carbon segregation in the dislocation core in
both metals [8, 11, 15], with a complete decoration of all
dislocations provided their density remains lower than
1012 m−2. Ab initio results thus indicate that carbon can
lead to the same viscous glide of screw dislocations in
tungsten at high temperature. But one cannot exclude
that nitrogen, oxygen and silicon may also play a role at
the investigated temperatures.

In iron, the reappearance of the Peierls mechanism at
high temperatures is observed at typically T act = 500 K.
In tungsten, the same high-temperature Peierls mech-
anism appears at about T act = 1400 K, thus at a tem-
perature about three times higher than in iron. This ra-
tio of temperatures perfectly agrees with the ratio of
activation energies for carbon diffusion in both met-
als (Tab.1) It thus confirms that this Peierls mechanism
starts when the temperature becomes high enough to ac-
tivate carbon diffusion, thus allowing carbon segrega-
tion on screw dislocations, as predicted by thermody-
namics [8, 11, 15]. Conversely, the activation energies
for diffusion in tungsten of nitrogen, oxygen, and sili-
con are smaller than that of carbon and cannot account
for a diffusion starting at the same temperature (cf. ra-
tio of activation energies in tungsten and iron in Tab.
1). We thus conclude that, as in iron above 500 K, the
slow motion of rectilinear screw dislocations observed
in tungsten above 1400 K is due to the segregation of
carbon.

3. Straight dislocation saturated by carbon

For temperatures higher than 1373 K where in situ
TEM straining experiments show the reappearance of
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a Peierls mechanism, ab initio calculations and thermo-
dynamic modelling [11] have proved that carbon segre-
gates on screw dislocations, with a complete reconstruc-
tion of the dislocation core towards the hard core con-
figuration and a full saturation by C atoms of the pris-
matic sites created by the reconstructed core, even for
nominal concentrations as low as 1 appm C. We study
here with ab initio calculations the mobility of such a re-
constructed screw dislocation with all its prismatic sites
occupied by carbon atoms, considering first an infinite
straight dislocation, before accounting for the formation
and migration of kinks in the next sections.

3.1. Computational details

Ab initio calculations are performed with Vasp code
[18], using the same parameters and approximations as
in our previous work [11]: pseudopotentials built with
the projected augmented wave (PAW) method [18, 19]
using in the valence states 5d and 6s electrons for tung-
sten and 2s and 2p for carbon, a kinetic energy cutoff

of 400 eV, and the Perdew-Burke-Ernzerhof functional
[20] for the exchange-correlation. For the 1 b disloca-
tion simulation cell described below (b is the dislocation
Burgers vector), we use a 2×2×16 shifted k-point grid
to sample the Brillouin zone and an equivalent k-point
density for larger supercells, using a Methfessel-Paxton
broadening scheme with a 0.2 eV smearing.

The ab initio calculations are performed in a peri-
odic supercell with a constant cell volume and contain-
ing a dislocation dipole leading to a quadrupolar peri-
odic array of dislocations [21, 22]. Both dislocations
composing the dipole are saturated with carbon atoms
in their core. The periodicity vectors {p1,p2,p3} of the
perfect supercell are defined from the elementary vec-
tors u1 = [112], u2 = [110] and u3 = 1/2 [111]: p1 =

5/2 u1 − 9/2 u2, p2 = 5/2 u1 + 9/2 u2 and p3 = u3. This
configuration implies 135 tungsten and 2 carbon atoms
per 1 b layer along the Z axis in the [111] direction par-
allel to the dislocation line. Atomic positions are re-
laxed until the remaining forces are less than 10 meV/Å
in all Cartesian directions for static and 20 meV/Å for
NEB calculations.

3.2. Glide and energy barriers

We first calculate the energy barrier between two
stable positions, separated by one Peierls valley, of a
straight dislocation saturated with carbon atoms. The
calculations are performed in a simulation cell of length
Ld = b along the dislocation line, using the nudged
elastic band (NEB) method [23] with seven interme-
diate images. Both dislocations composing the dipole
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Figure 6: Carbon migration from P1 to P2 when a straight dislocation
moves from a Peierls valley to another one for Ld = 1 b. a) Sketch
of the carbon displacement with the differential displacement maps of
the corresponding metastable configurations obtained along the path.
In these projections perpendicular to the dislocation line, tungsten
atomic columns are sketched by circles with a colour depending on
their (111) plane in the original perfect crystal. The arrows between
two atomic columns are proportional to the differential displacement
created by the dislocation in the {111} direction and the centre of the
dislocation is marked with a green cross. The contour map shows the
dislocation density according to the Nye tensor and the carbon atom
in the vicinity of the dislocation core is shown in orange. b) Energy
variation of a straight screw dislocation saturated by carbon moving
from P1 to P2 through the different metastable configurations. The
filled symbols are energies of relaxed configurations and the empty
ones correspond to the energies of the transition states obtained with
the climbing NEB method.
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are displaced in the same direction to prevent any vari-
ation of the elastic energy along the path. Two different
metastable configurations are obtained between the ini-
tial and final positions. These configurations are then
further relaxed and are presented in Fig. 6a. The fi-
nal minimum energy path is obtained with additional
NEB calculations between these relaxed intermediate
minima, using one intermediate climbing image to find
the saddle point.

In its initial P1 and final P2 positions, the dislocation
is in a hard core configuration with the solute located
in the prismatic interstitial site. In the next metastable
configuration along the path, the carbon atom moves
to the neighbouring octahedral interstitial site and the
dislocation returns to an easy core configuration, its
ground state in pure tungsten. This configuration O(5)

1 ,
where the carbon is in the 5th nearest-neighbour octahe-
dral site of the dislocation centre, has been obtained in
various BCC transition metals, including tungsten [9].
Its energy is higher than the one of the ground state,
with an energy difference ∆EP1−O5 = 0.33 eV/ b. An-
other metastable configuration, called P12, is found in
the middle of the path: the dislocation core is spread in
a {110} plane with the carbon atom in its centre. The
three atomic columns around the solute adopts a config-
uration similar to the hard core, thus creating a prismatic
interstitial site for carbon insertion. The energy differ-
ence between this configuration and the ground state is
∆EP1−P12 = 1.12 eV/ b.

The whole path is then refined by performing sepa-
rate NEB calculations between the different contiguous
stable and metastable configurations using one interme-
diate climbing image [23] for each portion. The whole
path appears controlled by the progressive migration of
the carbon atom with the screw dislocation adopting
a configuration which creates an interstitial site large
enough to welcome the solute. The two energy barriers
along the path, first between configurations P1 and O(5)

1

and then between O(5)
1 and P12, are respectively 0.66 and

1.32 eV/b (Fig. 6b). Such energy barriers are too high
for the decorated dislocation to move as a whole from
one Peierls valley to the other. Thermal activation ap-
pears necessary to allow for dislocation glide through
nucleation and migration of kink-pairs.

4. Kink-pair formation and migration

We now use ab initio calculations to determine the
structure of the kinks on the screw dislocations saturated
by C atoms, and obtain the corresponding formation and
migration energies, taking advantage of similar calcula-
tions performed in Fe-C system [24].

X // [112]

Z // [111]Y // [110]

Figure 7: Kink-pair with a separation distance wkp = 4 b on a disloca-
tion of length Ld = 8 b. a) Sketch of the kinked dislocation saturated
by carbon. The green line represents the dislocation, the orange circles
the C atoms, and the vertical segments the (111) planes. b) Relaxed
atomic structure of the kinked dislocation. Tungsten and carbon atoms
are shown respectively in grey and orange. For tungsten, only atoms
belonging to the dislocation core or first neighbours of a carbon atom
are represented. All carbon atoms are lying in a prismatic site, except
the one near the K− kink which has been ejected in an octahedral site.

4.1. Stable kink-pair configurations

Since several metastable configurations are obtained
for the straight dislocation containing carbon atoms, we
firstly determine the different possible stable kink-pairs
which are stable. We perform ab initio calculations in a
simulation cell of length 4 b along the dislocation line
with half the dislocation in configuration P1 and the
other half in configuration either O(5)

1 , P12 or P2. Kinks
built from intermediate metastable configurations O(5)

1
or P12 are unstable: they relax towards a straight dislo-
cation in both cases. Only kinks between configurations
P1 and P2, with the dislocation crossing one complete
Peierls valley, are stable. We will focus on these kinks
in the following, using simulation cells of length either
4 b or 8 b.

Both kinks composing a pair are abrupt, localised in
a region of only 1 b width (Fig. 7), contrary to kinks in
pure BCC metal which spread over a with of ∼ 20 b [25–
28]. This is a consequence of the C atoms segregated in
the dislocation core which pin the dislocation in the bot-
tom of its Peierls valley. Because of the different atomic
arrangement, both kinks are not equivalent: one kink is
in tension while the other is compressed along the dis-
location line due to a b/3 shift in the [111] direction
(Fig. 7a). They will be respectively called K+ and K−
[24, 29]. Besides, the carbon atom near K− moves from
the prismatic site to the nearest octahedral site (Fig. 7b)
because the former interstitial site is too highly strained
inside the kink.
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Figure 8: Relaxed atomic structure of the kinked dislocation with a
separation distance wkp = 1 b on a dislocation of length Ld = 4 b.

We also perform ab initio calculations of kinked dis-
locations for the smallest separation distance wkp = 1 b,
using a supercell of length Ld = 4 b. The relaxed atomic
configuration is stable and presented in Fig. 8. In this
elementary pair, K+ and K− kinks are next to each other,
with the carbon atom ejected from the initial prismatic
site to the closest octahedral interstitial site at the K−
kink, like for largest pairs.

4.2. Formation energy

We now determine the kink-pair formation energy
Ef

kp by using simulation cells of length Ld = 4 b and
8 b containing dislocations with a kink-pair of width
wkp = b (Ld = 4 b), 2 b (Ld = 4 b), and 4 b (Ld = 8 b).
The DFT formation energy EDFT

kp is defined as the en-
ergy difference between the same supercells containing
kinked and straight dislocations. Kink-pairs are cre-
ated on only one or the two dislocations composing the
dipole, but the obtained formation energy is quite insen-
sitive to this choice (see the difference between squares
and circles for wkp = 2 b in Fig. 9). On the other hand
the formation energy depends on the separation width
wkp and on the length Ld of the simulation cell, because
the kinks interact elastically. Part of this interaction en-
ergy arises from the periodic boundary conditions along
the dislocation lines, as the kinks interact with their pe-
riodic images. As it will be shown below, this spurious
interaction can be removed using elasticity theory to re-
trieve the formation energy of an isolated kink-pair on
an infinite dislocation.

When the width wkp of the kink-pair is larger than its
height, i.e. the distance between two Peierls valleys h =

a0
√

2/3 (a0 = 3.173 Å), the elastic interaction between
the two kinks of opposite sign is well approximated by
[30]

Wint(wkp) = −θ
h2

wkp
, (1)

with θ the line tension coefficient. Assuming isotropic
elasticity, a good approximation for tungsten, this pa-

rameter is equal to [30]

θ =
µb2

8π
1 + ν

1 − ν
, (2)

with µ = 133 GPa and ν = 0.32, respectively the shear
modulus and Poisson ratio of tungsten, obtained by
Voigt-Reuss-Hill average of the elastic constants C11 =

497, C12 = 227, and C44 = 131 GPa.
The total elastic interaction energy is obtained by

summing the interaction between the two kinks inside
the simulation cell and also with their periodic im-
ages on the dislocation line, considering their alternat-
ing signs. One obtains an infinite summation which can
be reduced to a simple analytical expression for the two
specific cases considered in our simulations:

W tot
int = − θ

h2

Ld
4 ln (2) for wkp =

Ld

2
, (3)

= − θ
h2

Ld
6 ln (2) for wkp =

Ld

4
. (4)

Removing this total interaction energy, one obtains
the formation energy of two infinitely separated single
kinks, Ef

kp(wkp → ∞) (Fig. 9). The same formation en-
ergy equal to 2.43 eV is obtained for wkp = 2 b and 4 b,
thus showing that the elastic model perfectly describes
the interaction between kinks and allows obtaining re-
sults free from boundary effect and supercell size. Even
for such small separation distance between kinks, the
kink-pair can be considered as formed of two well de-
veloped kinks interacting only elastically.
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spond to the formation energy of two infinitely separated single kinks.
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Inversely, for the smallest kink-pair, i.e. for wkp = b,
the value obtained for Ef

kp(wkp → ∞) differs from the
one of largest pairs. For such a small separation dis-
tance, the kink-pair cannot be described as two isolated
kinks which interact elastically and a full atomistic de-
scription is needed. On the other hand, the elastic inter-
action of the kink-pair with its periodic images can be
safely neglected in a supercell of length Ld = 4 b (see
difference between red and blue symbols for wkp = b in
Fig. 9).

Finally, the formation energy of an isolated pair of
kinks separated by a finite distance wkp is given by

Ef
kp(wkp) = Ef

kp(wkp → ∞) − θ
h2

wkp
. (5)

This equation is valid for any distance larger than 2 b up
to ∞. For wkp = 1b, this analytical expression under-
estimates the formation energy (Fig. 9) and the value
given by ab initio calculations needs to be used.

4.3. Kink migrations

Then, we determine the migration energies of both
K+ and K− kinks by performing NEB calculations on
simulation cells of height close to 4 b. For these sim-
ulations, only one kink, either K+ or K−, is inserted
on each dislocation. As a consequence, the period-
icity vector p3 along the dislocation line needs to be
tilted, with p3 = (3n + 1)/6 [111] − 1/3[112] for K+

and p3 = (3n − 1)/6 [111] + 1/3[112] for K− [26]. For
n = 4, this leads to simulation cells containing either
585 or 495 tungsten atoms for K+ and K−, respectively.
Although the two dislocations forming the dipole are
kinked, only one kink, and the corresponding C atom,
is moved during the NEB calculations. A threshold of
10 meV/Å on atomic forces is used for these NEB cal-
culations.

The obtained energy barriers are presented in Fig.
10a. The heights of these barriers are equal to Emig

+ =

1.22 and Emig
− = 2.22 eV respectively for K+ and K−.

As the kink is moving along the line with its periodic
images, there is no variation of the interaction energy
between the kink and its images during the migration
path. Besides, this constant interaction energy is small,
around 0.1 eV per kink as predicted by elasticity (see
difference between red and blue symbols in Fig. 9 for a
kink pair of width wkp = 2 b). The energy barriers given
by these NEB calculations can therefore be considered
as the ones for the migration of an isolated kink. The
barrier is much higher for the K− kink as the migration
of this kink involves the jump of two carbon atoms (Fig.

10b), one carbon atom from a prismatic to an octahe-
dral site, and another one from an octahedral to a pris-
matic site. On the other hand, for K+ migration, only
one carbon atom is jumping, directly between two pris-
matic sites.

4.4. Kink-pair nucleation

Finally, we determine the energy barrier for the nucle-
ation of a pair of kinks on a straight dislocation saturated
by carbon. We consider in the NEB calculation a final
state with a kink-pair separated by a distance wkp = 2 b,
as this corresponds to a separation distance for which
kinks are fully developed, with a formation energy well
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Figure 10: Migration of K+ and K− kinks obtained with NEB calcula-
tions. a) Energy barriers. b) Relaxed atomic configurations along the
path: initial, saddle point, and final states.
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metastable configuration for the reaction coordinate 0.52 correspond-
ing to a 1 b kink-pair.

described by elasticity (Eq. 5). The length of the sim-
ulation cell is Ld = 4 b and the kink-pair is created on
only one dislocation of the dipole.

The results of these calculations are presented in Fig
11a. The transition path goes through two energy barri-
ers, with a metastable intermediate state corresponding
to a pair of kinks with a minimal separation distance
wkp = b. The first energy barrier, Enuc

1b = 2.76 eV, for
the nucleation of the 1 b kink-pair is slightly lower than
the height of the second transition state, 2.97 eV corre-
sponding to the migration of the K+ kink. This second
barrier is almost equal to the sum of the formation en-

ergy of the 1 b kink-pair (1.73 eV) and of the migration
energy of an isolated K+ kink, Emig

+ = 1.22 eV. Although
the separation distance between the two kinks is small,
their migration energy is already very close to the one
of an isolated kink.

5. Mobility of carbon saturated screw dislocation

We now determine the velocity of a screw dislocation
saturated by carbon atoms from the kink-pair formation
and migration energies determined in the previous sec-
tion. Dislocation velocities are first obtained with ki-
netic Monte Carlo (kMC) simulations, neglecting inter-
actions between kinks. Results are used to demonstrate
the accuracy of analytical expressions describing the de-
pendence of the dislocation velocity with the tempera-
ture, the applied stress, and the dislocation length. The
analytical model is finally enriched to take full account
of the energy profile of the kinked dislocation, including
its variation with the width of the kink-pair, thus giving
a quantitative description of dislocation mobility.

5.1. Energy profile of a kinked dislocation

>From the previous DFT results, we can describe the
energy landscape of a dislocation saturated by carbon
atoms containing a pair of kinks separated by a distance
wkp, from wkp = 0 to wkp → ∞ (Fig. 12a). When
wkp ≤ 2 b, the kink-pair energy follows the DFT re-
sults from section 4.4 with two successive energy barri-
ers equal to 2.76 and 2.97 eV and an intermediate stable
configuration for wkp = 1 b for which the formation en-
ergy is 1.73 eV. For larger width, the formation energy
of the kink-pair is described by the elastic interaction
model (Eq. 5) and the activation energy for transition
between widths wkp = n b and (n + 1) b is taken equal
to the kink migration energy corrected for the energy
difference between the initial and final configurations,
Eact

n→n+1 = Emig + (Ef
n+1 − Ef

n)/2, with Ef
n = Ef

kp(wkp =

n b). Both migration of K+ and K− should theoretically
be considered, but kMC simulations and the analytical
model described below show that only K+ migration is
active below 3000 K, the maximal temperature consid-
ered in this study. Finally, when an external stress τ is
applied, a contribution −τ b h wkp corresponding to the
work of the Peach-Koehler forces is added to the kink-
pair formation energy (cf. dashed lines in Fig. 12a).

The size dependence of the kink-pair formation en-
ergy adds some complexity to the kinetic Monte Carlo
simulations, leading to time consuming simulations
[31, 32]. We therefore consider first an idealised en-
ergy landscape (Fig. 12b) where the formation energy

9



is constant and equal to the value for two non interacting
kinks, Ef

kp = Ef
kp(wkp → ∞) = 2.43 eV. Kink migration

energies are also taken constant, with Emig
+ = 1.22 eV

and Emig
− = 2.22 eV for kink width wkp ≥ b. Only the

first energy barrier Enuc corresponding to the nucleation
of a 1 b kink-pair takes a different value. As it is not pos-
sible, with such an idealised energy landscape, to repro-
duce the real energy barriers for both kink-pair nucle-
ation and annihilation, we test different values for this
first barrier, to check the ability of the analytical model
to capture the different situations. Once this analyti-
cal model has been validated, the real energy landscape
with the formation energy of interacting kinks will be
considered.
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Figure 12: Energy profile describing the evolution of a screw dislo-
cation saturated with carbon atoms gliding by nucleation and propa-
gation of a pair of kinks with a width wkp. The energy profile in (a)
has been deduced from the ab initio calculations described in section
4, whereas the simplified profiles in (b) are the ones used in the kMC
simulations with three different values of the nucleation energy Enuc.
For both figures, the dashed lines correspond to the evolution with an
applied stress τ = 1 GPa.

5.2. Kinetic Monte Carlo simulations

The kMC simulations follow the work of Bulatov and
Cai [32], where a dislocation of length Ld is discretised
with nodes separated by 1 b. Each node can move ei-
ther in the direction of the applied stress (forward) or
in opposite direction (backward). Elementary disloca-
tion segments are moving with their carbon atom segre-
gated in the core. Each node motion can thus be seen as
a jump of a carbon atom, with the dislocation remain-
ing pinned on the solute. Backward/forward motions of
nodes lead to different events depending on the positions
of the neighbouring nodes: nucleation/annihilation of a
1 b kink-pair or kink migration changing the width of an
already existing kink-pair. The frequency of each event
takes the following form:

Γ = νD exp
(
−

Eact + ∆E/2
kT

)
, (6)

with Eact an activation energy and ∆E the energy varia-
tion between the initial and final states. These energies
are directly linked to the kink-pair formation and nu-
cleation energies and kink migration energies and are
presented in Tab. 2. The attempt frequency νD is taken
equal to the Debye frequency (νD = 8.3 THz [33]).

Table 2: Activation energy Eact and energy variation ∆E entering in
the frequency definition for the different kMC events (Eq. 6). The
contribution τhb2 of the resolved shear stress τ is negative for a for-
ward motion of the node and positive for backward motion.

Eact ∆E
Nucleation Enuc − Ef

kp/2 Ef
kp ∓ τhb2

Annihilation Enuc − Ef
kp/2 −Ef

kp ∓ τhb2

K+ migration Emig
+ ∓τhb2

K− migration Emig
− ∓τhb2

At each time step of the kMC simulations, each node
of the dislocation line can move forward or backward,
the probability for each of these events being propor-
tional to the frequency Γ (Eq. 6). Following a time
residence algorithm [32], one of these events is se-
lected randomly and accepted or rejected according to
the probability distribution. The time is incremented
with the inverse of the sum of all events frequencies.
The dislocation velocity is computed from the time evo-
lution of the dislocation average position. Simulations
are performed for different values of the nucleation en-
ergy: Enuc = 2.76, 3.40, and 4.50 eV. Results of kMC
simulations are shown in Fig. 13 for different disloca-
tion lengths Ld, applied stresses τ and temperatures T .
One sees strong variations of the dislocation velocity
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with all these parameters, which would be analysed be-
low with the help of an analytical model predicting this
velocity.

5.3. Dislocation velocity

Following Refs. [1, 2, 34, 35], the velocity of a dis-
location gliding by nucleation and propagation of kinks
is given by

vd = Jkp h
Lkp

b
, (7)

with h the distance between two Peierls valleys, Jkp the
nucleation rate of kink-pairs, and Lkp the average exten-
sion of a kink-pair, i.e. the sum of the mean free paths
of the two kinks composing the pair. As shown in Ap-
pendix A, the nucleation rate can be written

Jkp = 2νD sinh
(
τhb2

2kT

)
exp

−Emig
+

kT

 /exp

Enuc − Emig
+

kT

 [1 − exp
(
−
τhb2

kT

)]

+ f (τ,T ) exp

Ef
kp − τhb2

kT


 . (8)
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Figure 13: Dislocation velocity as a function of the dislocation length
for different temperatures and external stresses. The dots correspond
to results of the kMC simulations and the lines to the analytical model
given by Eq. 7 for the simplified energy profile of Fig. 12b.

The function f (τ,T ) incorporates all the variation of the
kink-pair formation energy with its width. For the ide-
alised energy landscape of Fig. 12 where the forma-
tion energy is constant, this function is simply equal
to 1. Only migration energy of the K+ kink appears
in Eq. 8 as it is smaller than the one for K−. As a
consequence K− migration can be neglected in the tem-
perature range of the kMC simulations, an assumption
we have checked with the general expression (Eq. A.5)
where migration of both kinks is considered.

The kink-pair average extension Lkp can have two dif-
ferent expressions, depending on the dislocation length
Ld. For small dislocations, as at most one kink-pair ex-
ists on the dislocation line at a time, the kink-pair aver-
age extension is simply equal to the dislocation length,
Lkp = Ld, thus leading to the length dependent regime
for the dislocation velocity. When the dislocation be-
comes long enough, several kinks can coexist on the
line and their mean free path becomes controlled by
their collisions statistics. In this kink collision regime,
each kink travels in average a distance Lkp/2 = vk ∆tkp
in a time interval ∆tkp between two collisions, with vk
the average velocity of a kink. The kink-pair average
survival time ∆tkp and extension Lkp are also linked to
the nucleation rate by Jkp ∆tkp Lkp/b = 1. As a con-
sequence, the average extension of a kink-pair is given
in this kink collision regime by Lkp =

√
2bvk/Jkp. To

obtain a simple expression of the kink-pair extension
which is valid in both the length dependent and the kink
collision regimes, we consider the geometric average
[35]

Lkp =
1

1/Ld +
√

Jkp/2bvk
, (9)

which leads to a smooth interpolation between values
corresponding to each regime. As shown in Appendix
C, the kink velocity appearing in this equation is given
by

vk = b νD exp

−Emig
+

kT

 sinh
(
τhb2

2kT

)
, (10)

where we have simplified the general expression (Eq.
C.1) by considering only migration of K+ kink.

The dislocation velocity predicted by this analytical
approach, incorporating the expressions of the nucle-
ation rate Jkp (Eq. 8) and of the kink-pair extension
Lkp (Eq. 9) in Eq. 7, can be compared to results of
kMC simulations. As kMC simulations are performed
with an idealised energy landscape where the kink-pair
formation energy is constant (Fig. 12b), the function
f (τ,T ) is taken equal to 1 in the expression of the nu-
cleation rate (Eq. 8). Comparison for various temper-
atures T , applied stresses τ, and nucleation energy bar-
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riers Enuc (Fig. 13) shows a very good agreement be-
tween both approaches. In particular, the variation of
the dislocation velocity with the dislocation length Ld
is well reproduced, showing that Eq. 9 manages to de-
scribe both the length dependent and the kink collision
regimes. The analytical model also correctly predicts
variations of the dislocation velocity with the height of
the nucleation barrier Enuc: this model is valid whatever
the mechanism controlling dislocation mobility, kink-
pair nucleation or kink migration. Going back to the
real energy landscape where the formation energy of a
kink-pair depends on its width (Fig. 12), the same ana-
lytical expression of the dislocation velocity can be used
but with a function f (τ,T ), which is now different from
1 and needs to be evaluated numerically (cf. Appendix
A).

5.4. Classical nucleation theory

Instead of Eq. 8, which gives the exact expression
of the nucleation rate, one usually relies on the classi-
cal nucleation theory (CNT) to predict this nucleation
rate. This approximation replace the discrete summa-
tion appearing in the nucleation rate, i.e. the function
f (τ,T ) (see Appendix A), by a continuous integration
and evaluate it through an harmonic approximation of
the formation enthalpy around the critical size [36] (see
Appendix B for the derivation). The nucleation rate is
then given by

JCNT
kp = νD Z(τ,T ) exp

−H∗kp(τ) + Emig
+

kT

 (11)

with H∗kp(τ) the critical nucleation barrier and Z(τ,T )
the Zeldovitch factor which accounts for fluctuations
around the critical size2. These quantities are defined
at the critical size n∗, which is the size leading to a max-
imum of the kink-pair formation enthalpy

Hkp(n, τ) = Ef
kp −

θh2

nb
− τhb2n,

where we have assumed that the formation energy is
given by the elastic interaction model (Eq. 5). This

2In Hirth and Loth model of diffusive glide (chapter 15 in ref. [1]),
these fluctuations correspond to the factor b/x′ in the nucleation rate
(Eq. 15-25 in [1]). Using Eq. 15-36 in [1] for x’, one shows that
b/x′ = [(1 + ν)/(1 − ν)]1/4 √πZ(τ,T ), leading to a nucleation rate
larger by a factor ∼ 2 than the one predicted by CNT.

leads to

n∗(τ) =

√
θh
τb3 ,

H∗kp(τ) = Ef
kp − 2

√
θh3bτ,

Z(τ,T ) =

√
−

1
2πkT

∂2Hkp

∂n2

∣∣∣∣∣∣
n=n∗

=

√
1
πkT

4

√
τ3hb7

θ
.

The dislocation velocity obtained using both nucle-
ation rates, Eq. 8 for the exact solution and Eq. 11
for CNT, are presented in Fig. 14 as a function of the
temperature for different applied stresses. In this tem-
perature range where experiments show that screw dis-
locations experience a lattice friction (section 2.2) and
where carbon segregation in the dislocation core is ther-
modynamically stable [11], CNT reproduces well the
kink-pair nucleation rate, and thus the dislocation veloc-
ity. The good achievement of CNT confirms that the ac-
tivation enthalpy controlling dislocation velocity is the
sum of the kink-pair formation enthalpy and of the kink
migration energy, Ef

kp + Emig
+ − 2

√
θh3bτ, with a slight

stress dependence which can be neglected at low stress.
This contrasts with the Peierls regime at low tempera-
ture existing in pure BCC metals, in particular in tung-
sten, where kinks can freely glide along the dislocation,
leading to an activation enthalpy for dislocation velocity
which simply equals the kink-pair formation enthalpy
[3, 4, 37]. Because of the covalent bonding between C
and W atoms inside the reconstructed core, similar to
the one existing in WC tungsten carbide [9], kinks on
screw dislocation in presence of carbon are highly lo-
calised and are difficult to move. As a consequence, the
dislocation velocity in the Peierls regime reappearing at
high temperature can be described with the same ex-
pression as the one which generally applies in covalent
systems or semi-conductors [1, 2].

5.5. Comparison with experiments
The dislocation mobility predicted by this kinetic

model can be compared with the experimental one. The
experimental velocity is evaluated from the dislocation
displacement observed with TEM in Fig. 2. We obtain
a dislocation velocity of 2 nm.s−1 at 1423 K. Using Eqs.
(7) and (8), the applied stress τ corresponding to this
velocity and temperature should be around 7 MPa for a
dislocation length Ld = 275 nm. This result is in the
same range as the yield stress measured experimentally
in previous work by Taylor [38], using tensile tests on
tungsten single crystal with a carbon concentration of
15 appm: the experimental yield stress varies between
14 and 28 MPa at 1644 K. This demonstrates the ability
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of our kinetic model parametrised on ab initio calcula-
tions to describe dislocation mobility in the temperature
range where carbon segregates on screw dislocations.

One can also predict the critical temperature at which
the yield stress necessary to activate dislocation glide
vanishes. Using Orowan law, the plastic strain rate
depends on dislocation velocity through ε̇ = ρd b vd,
with ρd the dislocation density. In the length dependent
regime, the average extension of a kink-pair is equal to
the dislocation length and depends on the dislocation
density through Lkp = 1/

√
ρd. Eq. 7 for dislocation ve-

locity thus leads to ε̇ =
√
ρd h Jkp, showing that the ac-

tivation enthalpy is Hact = Ef
kp + Emig

+ − 2
√
θh3bτ. The

athermal temperature is obtained by considering this ac-
tivation enthalpy in the limit of a vanishing stress and by
inverting the dependence of the strain rate with the tem-
perature, leading to

Ta =
Ef

kp + Emig
+

k ln (
√
ρdνDh/ε̇)

, (12)

where we have neglected the Zeldovitch factor. Consid-
ering a typical strain rate ε̇ = 10−3 s−1 and a dislocation
density ρd ranging from 108 to 1012 m−2, one obtains an
athermal temperature between 1500 and 1800 K. When
the Zeldovitch factor is considered, one cannot find any-
more an analytical expression of the athermal tempera-
ture which needs to be found numerically3. Full account

3With the Zeldovitch factor, the shear stress necessary to acti-
vate dislocation glide becomes null only for an infinite tempera-
ture. The athermal temperature is then defined as the temperature
where this stress is equal to the backstress given by Taylor relation
τ = 0.4 µ b

√
ρd

of fluctuations around the kink-pair critical size through
the Zeldovitch factor leads to higher values, between
1700 and 2700 K for the same strain rate and disloca-
tion densities. A lower athermal temperature is obtained
with the kink collision regime as the activation enthalpy
then becomes Hact = 1/2 Ef

kp + Emig
+ − 2

√
θh3bτ. In all

cases, except maybe for the very low dislocation densi-
ties, this athermal temperature is lower than the tem-
perature at which carbon segregation on screw dislo-
cations drops (∼ 2500 K) [11], thus showing that the
stress necessary to make screw dislocation glide with
their carbon atoms will vanish before the carbon segre-
gation disappears. On the other hand, experiments re-
alised by Taylor [38] show a higher athermal tempera-
ture, around 2700 K. Another rate limiting mechanism
controlling dislocation mobility at the highest temper-
atures, i.e. above 1800 K, appears therefore necessary
to explain such a high experimental athermal temper-
ature. This mechanism should have an activation en-
ergy higher than the sum of the nucleation and migra-
tion of kink-pairs, Ef

kp + Emig
+ = 3.65 eV. Migration of

K− kink may have a role to play. Although this kink is
immobile in the kMC simulations and its migration can
be neglected in the analytical expression of the disloca-
tion velocity, part of this result is a consequence of the
periodic boundary conditions used to model an infinite
screw dislocation which can move to the next Peierls
valley simply by migration of the K+ kink once a kink-
pair has nucleated. For a screw dislocation of finite
length, migration of the K− kink is necessary to elim-
inate the kink-pair at one of the two dislocation end-
points. Nevertheless, considering in Eq. 12 migration
energy for K− instead of K+ leads to athermal tempera-
tures between 1900 and 2300 K, still too low compared
to experiments. A good candidate for a mechanism
limiting dislocation velocity at higher temperatures will
be the cross-kinks formed when the screw dislocations
start to glide in several planes, leading to the nucleation
of kink-pairs in different {110} planes on the same line
[39–44].

6. Conclusion

In situ TEM straining experiments performed on
high-purity tungsten containing only 1 appm of carbon
reveal the reappearance of a lattice friction opposing
glide of screw dislocations above 1373 K, at tempera-
tures high enough to activate carbon diffusion and to
enable segregation of carbon atoms in the core of screw
dislocation, as predicted by ab initio calculations and
thermodynamics [11]. Ab initio calculations confirm
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that the Peierls energy barrier opposing glide of a screw
dislocation is too high (1.65 eV/b) to allow for athermal
glide of screw dislocations when their cores are fully
saturated by C atoms. Screw dislocations have to glide
through the formation and propagation of kink-pairs, a
Peierls mechanism in agreement with the viscous glide
seen experimentally. Modelling at the atomic scale of
kink-pairs show that kinks are very sharp, only 1b wide,
thus allowing for the determination of their formation,
nucleation and migration energies with ab initio calcula-
tions. Knowing the full energy landscape of a kink-pair
on a screw dislocation decorated with carbon atoms,
the dislocation velocity is obtained as a function of the
temperature and of the applied stress thanks to kinetic
Monte Carlo simulations and to an analytical model re-
lying on classical nucleation theory. This kinetic model
parametrised on ab initio calculations leads to disloca-
tion velocities compatible with TEM observations in the
experimental stress range. The activation energy con-
trolling dislocation velocity is the sum of the kink-pair
formation energy and of its migration energy, leading to
3.65 eV.
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Appendix A. Kink-pair nucleation rate

To derive the expression of the kink-pairs nucleation
rate Jkp, we follow the same approach as in classical
nucleation theory [36] and describe the population of
kink-pairs on a dislocation by their size distribution. We
note Cn the concentration of a kink-pair with a width
wkp = n b. The concentration C0 is the probability that
the dislocation does not contain any kink and we will
make a dilute limit assumption, C0 ∼ 1.

We call βn and αn the growth and decay rates of a
kink-pair of size n. For the kinetic model described in

section 5.1, they are given ∀n ≥ 1 by

βn = νD

exp

−Emig
+

kT

 + exp

−Emig
−

kT


exp

−Ef
n+1 − Ef

n − τhb2

2kT

,
αn+1 = νD

exp

−Emig
+

kT

 + exp

−Emig
−

kT


exp

Ef
n+1 − Ef

n − τhb2

2kT

,
and for the nucleation and annihilation rates by

β0 = νD exp
(
−

Enuc

kT

)
exp

(
τhb2

2kT

)
,

α1 = νD exp
−Enuc − Ef

1

kT

 exp
(
−
τhb2

2kT

)
.

The flux between kink-pairs of size n to n + 1 is

Jn→n+1 = βnCn − αn+1Cn+1.

For n ≥ 1, this flux can be rewritten

Jn→n+1 = β δ2n+1 exp
−Ef

n + Ef
n+1

2kT

 Cn

δ2n exp
(

Ef
n

kT

)
−

Cn+1

δ2(n+1) exp
Ef

n+1

kT

 ,
where we have defined the two quantities

β = νD

exp

−Emig
+

kT

 + exp

−Emig
−

kT

 (A.1)

δ = exp
(
τhb2

2kT

)
. (A.2)

At steady state, all fluxes need to be equal: Jn→n+1 =

Jkp. Using the previous expression obtained for the flux
Jn→n+1, one can obtain by summation between sizes n1
and n2

Jkp

β

n2∑
n=n1

1
δ2n+1 exp

Ef
n + Ef

n+1

2kT


=

Cn1

δ2n1
exp

Ef
n1

kT

 − Cn2+1

δ2(n2+1) exp

Ef
n2+1

kT

. (A.3)

We choose n1 = 1 and n2 large enough so that the last
term in the right hand side can be neglected. This leads
to the following expression for the nucleation rate

Jkp

∞∑
n=1

1
δ2n−1 exp

Ef
n + Ef

n+1

2kT

 = βC1 exp
 Ef

1

kT

.
14



We define the function

f (τ,T ) =

∞∑
n=1

δ2 − 1
δ2n exp

Ef
n + Ef

n+1 − 2Ef
∞

2kT

, (A.4)

where Ef
∞ is the formation energy of two infinitely sep-

arated kinks (n → ∞). This function f (τ,T ) contains
all the effect of the variation of the kink-pair formation
energy with its size. When the formation energy is con-
stant (Ef

n = Ef
∞∀n) as assumed in the kMC simulations

of section 5.2, this function is equal to 1. With this def-
inition, the steady-state nucleation rate becomes

Jkp = β
δ2 − 1
δ f (τ,T )

C1 exp
Ef

1 − Ef
∞

kT

.
Considering now the nucleation and annihilation of a
kink-pair, this nucleation rate can also be written

Jkp = β0C0 − α1C1 = β0 − α1C1.

Combining both expressions of the nucleation rate to
eliminate C1, we obtain

Jkp =
β(δ − δ−1)

f (τ,T )
α1

β0
exp

−Ef
1 − Ef

∞

kT

 +
β

β0
(δ − δ−1)

,

which leads to the final result

Jkp = 2νD

exp

−Emig
+

kT

 + exp

−Emig
−

kT

 sinh
(
τhb2

2kT

)
/

exp

Enuc − Emig
+

kT

 + exp

Enuc − Emig
−

kT


×

[
1 − exp

(
−
τhb2

kT

)]
+ f (τ,T ) exp

(
Ef
∞ − τhb2

kT

)}
. (A.5)

We need now to calculate the function f (τ,T ) defined
by Eq. A.4. For a size n large enough (n ≥ 2 in the
present study), the kink-pair formation energy can be
evaluated with the kink elastic interaction model (Eq.
5). There is thus a size n∞ large enough for which the
argument of the exponential appearing in the definition
of the function f (τ,T ) is small enough to make the ap-
proximation

∞∑
n=n∞

1
δ2n exp

Ef
n + Ef

n+1 − 2Ef
∞

2kT

 ∼ ∞∑
n=n∞

1
δ2n

(
1 −

θh2

nbkT

)
.

We then use the result
∞∑

n=1

1
δ2n

(
1 −

θh2

nbkT

)
=

1
δ2 − 1

+
θh2

bkT
ln

(
1 −

1
δ2

)
,

to finally obtain

f (τ,T ) = 1 +
θh2

bkT

(
δ2 − 1

)
ln

(
1 −

1
δ2

)
+

n∞∑
n=1

δ2 − 1
δ2n

exp
Ef

n + Ef
n+1 − 2Ef

∞

2kT

 − 1 +
θh2

nbkT

,
with all the stress dependence incorporated in the pa-
rameter δ (Eq. A.2). This expression can be used to
evaluate the function f (τ,T ) by properly choosing the
cutoff n∞ so the term appearing in the sum is small and
the exponential is well evaluated by its series expansion.
This corresponds to the condition n∞ � θh2/bkT , thus
allowing to restrict the sum to a reasonable number of
terms to evaluate it numerically.

Appendix B. Classical nucleation theory

The nucleation rate given by classical nucleation the-
ory (CNT) can be recovered starting from Eq. A.3,
where we now use n1 = 0, thus assuming that the first
energy barrier remains smaller than the followings, and
still n2 = ∞. This equation then becomes

Jkp

β

∞∑
n=0

1
δ2n+1 exp

Ef
n + Ef

n+1

2kT

 = 1,

where we have used the property C0 = 1. Defining the
formation enthalpy Hkp(n, τ) = Ef

n − τhb2n, one obtains

Jkp

β

∞∑
n=0

exp
(

Hkp(n, τ) + Hkp(n + 1, τ)
2kT

)
= 1.

The sum appearing in this equation can be evaluated
with the usual approach of CNT [36]. As only terms
around the critical size n∗, where the enthalpy is maxi-
mum, have a non negligible contribution to the sum, the
enthalpy function is replaced by its second order Tay-
lor series around this size and the discrete summation is
replaced by a continuous integration over all reals

∞∑
n=0

exp
(

Hkp(n, τ) + Hkp(n + 1, τ)
2kT

)

∼

∫ ∞

−∞

exp

H∗kp

kT
+

H
′′

kp

4kT

[
(n − n∗)2 + (n + 1 − n∗)2

]dn,
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where H∗kp is the value of the enthalpy and H
′′

kp its sec-
ond derivative at the critical size. This leads to the result

∞∑
n=0

exp
(

Hkp(n, τ) + Hkp(n + 1, τ)
2kT

)

∼ exp
H∗kp

kT

 exp

 H
′′

kp

8kT


√
−

2πkT
H′′

kp

.

Defining the Zeldovitch factor by

Z(τ,T ) =

√
−

H′′

kp

2πkT
exp

−H
′′

kp

8kT

, (B.1)

one obtains the nucleation rate of CNT:

Jkp = βZ(τ,T ) exp
−H∗kp

kT

,
corresponding to Eq. 11 in the main text. The Zel-
dovitch factor slightly differs from the usual one be-
cause of the exponential appearing in Eq. B.1. This
is a consequence of our kinetic model where the kink
migration energy is obtained from the average of the
initial and final enthalpy. Nevertheless, one can usually
assume that H

′′

� kT , leading to the known expression
Z(τ,T ) =

√
−H′′

kp/2πkT .

Appendix C. Time evolution of a kink-pair

To determine how the width of a kink-pair grows with
time, we first compute the kink velocity. We discretise
a screw dislocation with a 1 b step and note pi the prob-
ability to find a kink at the position z = i b. Considering
first a kink, like K− in Fig. 7, moving in the direction
of the applied stress τ for increasing z, the flux of kinks
between sites i and i + 1 is

φk
i→i+1 = Γ0

(
pi δ − pi+1 δ

−1
)
,

where we have defined the unbiased jump frequency Γ0

and the drift contribution δ by

Γ0 = νD exp
(
−

Emig

kT

)
and δ = exp

(
τhb2

2kT

)
.

The time evolution of the kink probability distribution
is given by the following master equation

∂pi

∂t
= φk

i−1→i − φ
k
i→i+1

= Γ0
[
pi−1 δ − pi (δ + δ−1) + pi+1 δ

−1
]
,

which corresponds to a discretised diffusion equation.
Assuming now that the dislocation contains initially

a single kink, its average position at a time t is defined
by

〈z〉 = b
∑

i

i pi.

The time evolution of the kink average position is thus

∂〈z〉
∂t

= b
∑

i

i
∂pi

∂t
,

= b Γ0
∑

i

i
[
pi−1 δ − pi (δ + δ−1) + pi+1 δ

−1
]
,

= b Γ0 (δ − δ−1)
∑

i

pi.

As we assume a single kink on the dislocation line and
since the master equation describing kink diffusion is
conservative, the sum appearing in the right hand side
is equal to 1 at any time t. The average position of the
kink is thus

〈z〉 = b Γ0 (δ − δ−1) t,

= 2 b νD exp
(
−

Emig

kT

)
sinh

(
τhb2

2kT

)
t.

Going back now to a kink-pair on a dislocation, the
two kinks K− and K+ diffuse with different migration
energies, Emig

− and Emig
+ , and their coupling with the ap-

plied stress is of opposite sign. The width of the kink-
pair is the distance between these two kinks, wkp =

〈zK−〉 − 〈zK+〉. We define from this distance a kink aver-
age velocity vk = wkp(t)/2t, leading to the final result

vk = b νD

exp

−Emig
−

kT

 + exp

−Emig
+

kT


sinh

(
τhb2

2kT

)
. (C.1)

This expression can be further linearised for not too high
stress to obtain a drag coefficient for kink velocity [35].
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