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Abstract

The design of duplex stainless steels (DSS) with strain induced martensite (SIM) transformation
relies on the optimization of austenite stability. The goal is to achieve a distribution of SIM over a
wide range of strain so as to get the best combination of strength and ductility. A systematic study
of plastic deformation mechanisms, of the link between phase chemistry, SIM kinetics and related
stress-strain behavior has been carried out by combining advanced characterization: orientation
mapping in the transmission electron microscope, in-situ high energy X-ray diffraction, and
microscopic digital image correlation. The role of Ni/N balance on controlling the austenite stability
has been investigated in medium-Ni lean DSS steels containing ~4wt% Ni. Results show that SIM
occurs in the DSS by a two-steps transformation: first some austenite transformsantensite

and the latter subsequently transforms mtonartensite at the intersections @bands and further

grow into the austenite. It is found that SIM formation occurs at a slower kinetics in the DSS as
compared to its fully austenitic counterpart, however with a similar relationship to flow stress. An
optimal level of mechanical behavior is shown to be related to an optimal rate of SIM formation
during tensile testing. The yield strength can be improved by rolling with a limited impact on the
phase transformation potential.

1. Introduction

Lean Duplex stainless steels (DSS), consisting of austenite and ferrite in approximately equal
proportions, offer attractive combinations of strength, elongation and corrosion resistance at a
reasonable cost in comparison with conventional DSS grades due to lower content of elements such
as Ni or Mo [1,2]. Several classes of lean DSS grades have been developed, depending on the main
element used to stabilize the austenite, Ni or Mn, and also on the content of Mo used to improve the
corrosion resistance. The most recent developed lean duplex grades use Mn as the main austenite
stabilizer to minimize the addition of Ni [3—6]. This provides an increased strength / elongation
potential, however at the expense of a lower resistance to corrosion and fracture as well as to long-
term ageing [7,8]. With intermediate levels of Ni, lean duplex grade 1.4362 (UNS S32304),
employed in construction applications [9,10] contains a Cr content of the order of 22%, a Ni content
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of approximately 4% in addition to other alloyietements (N, Mn, C, ...) [11]. It is now well
established that the key to optimize the strengétohgation compromise is the control of the
stability of austenite during plastic deformatiohhe austenite is chemically adjusted to be
metastable during plastic deformation and thussfam via a Transformation Induced Plasticity
(TRIP) effect [12,13]. The formation of strain-irskd martensite (SIM) during plastic deformation
increases the strain hardening rate which prevplastic localization, thus increasing both the
ultimate tensile strength (UTS) and total elongatid4]. The underlying mechanism of the
formation of SIM may take several forms dependimgtiee alloy composition and thus on the
stacking fault energy. In the class of alloys oferast here, it is widely accepted that the
transformation starts first with the transformatafraustenite into hexagonamartensite, followed

by the transformation inta’ martensite at the intersection of twdoands, and further growth af

in they matrix [15-18].

In order to reach the best compromise betweengttreand ductility, the stability of austenite must
be carefully tuned [13]. In the case of an excessiustenite instability, the SIM transformation
starts at small plastic strains and rapidly sagsratvhich results in a high strength but a ratber |
elongation. On the contrary, in the case of exwesaustenite stability, triggering the TRIP effect
may occur too late to prevent premature neckingfaitdre. As a result, ideally, the TRIP effect
should be tuned to allow the strain hardening tateemain just above the true stress until large
strains are achieved.

Several ways have been explored to optimize thieaitis stability. For a given alloy composition,
the temperature of the heat treatment leading ¢odiplex microstructure influences both the
proportion of ferrite and austenite, and the parting of the alloying elements between these two
phases and thus the stability of austenite [6,1p—E@8wever, these two parameters cannot be
changed independently and therefore the austemitkility is fixed (at first order) by the
requirement of an equal proportion of the two cibmsht phases in the microstructure of a DSS.
Adjusting the alloy composition is the most obvioway to optimise the austenite stability at
constant phase fractions [24]. However, other patams need also to be evaluated, particularly, the
austenite transformation “kinetics”, namely its kenion with strain. The transformation kinetics is
strongly influenced by the size and morphology led aiustenite grains [25], as well as the strain
rate [26], in the latter case due to adiabaticihggireventing the TRIP effect when the strain rate
is increased. In addition, for applications suche@isforcement bars for concrete, DSS are subjected
to pre-deformation, which may play a role by impnoy the yield stress and modifying the
elongation to failure [27].

In order to carry out a systematic and compreherspproach to DSS optimization one thus needs
to carry out a multi-scale approach, combining sveomplementary objectives:

(i) Studying the microscopic deformation mechanisperticularly those leading to SIM
formation;

(ii) Evaluating the specific role of the two-phaseucture of a DSS (as compared to single-
phase austenite) on the strain-induced phase tramafion and related stress-strain behaviour;

(iif) From this knowledge, optimizing the propegief DSS by controlling the austenite
stability;

(iv) A full understanding of the prevailing mechsmis requires not only the measurement
of macroscopic properties but also a quantificatadnthe phase fractions in the dynamically
transforming microstructures.

To the author’'s knowledge, such an integrated amtras not yet available in the DSS literature.
The aim of the present paper is to present suchppnoach on a series of alloys similar to the
1.4362 grade chemistry, with intermediate Ni cohtdose to 4 wt%, where the austenite stability
will be mainly controlled by the level of nitrogen.

For this purpose, a first part will be dedicatedh® study of microscopic deformation mechanisms
in a DSS by automated crystal and phase orientatiyoping in a transmission electron microscope
(ACOM-TEM). In a second part, the role of the twlbage microstructure of this DSS will be

evaluated by comparing experimentally and numdyicid$ stress-strain response with that of



model austenitic and ferritic steels represengatif/the compositions of its two phases. In a third
part, four different alloy compositions, specifigatlesigned to provide a wide range of austenite
stability will be analysed. The tensile stressiattaehaviour of those four alloys will be presented
in the heat-treated conditions and after diffelemels of pre-deformation applied by cold rolling.
Neutron, or high energy X-ray diffraction are peutarly well suited to follow quantitatively the
strain-induced phase transformations [14,28-32].this study, the fraction of strain-induced
martensite formed during straining has been sydieatly followed using in-situ High Energy X-
ray Diffraction (HEXRD) performed at the Europeamé&hrotron Radiation Facility (ESRF).

2. Materialsand methods
The first part of this study was carried out orugldx stainless steel (hereafter called Duplexyallo
with the following chemical composition Fe-22.12€24Ni-1.15Mn-0.28M0-0.12N-0.021C
(wt%). This duplex grade matches the European atdnadf the 1.4362 grade. In the second part,
single phase alloys (hereafter called austenititfarritic alloys) whose composition correspond to
the austenitic and ferritic phases of the Dupldgyalvere elaborated. They will be presented in
details in the Results section.
In the third part, four alloy compositions (hereafhamed alloys A, B, C and D) were designed
using Thermo-Calc® software with the TCFE6 databaseder to (i) maintain an equal proportion
of austenite and ferrite under calculated equiliioriat 1000°C and (ii) exhibit various degree of
austenite stability with respect to room tempertplastic deformation. As a design guide, the
austenite stability was estimated based on the Mel@@erature estimated by the empirical Nohara
formula [33] applied to the calculated austenitempositions at 1000°C. This parameter stands for
the temperature at which 50% of the austenite f@asformed into martensite after a true strain of
0.3 [34]. Thus, a high Md30 temperature correspotadsinstable austenite and a low Md30
temperature to stable austenite. Chemical compaositivere determined by X-ray fluorescence
spectrometry, except for carbon and nitrogen thatewmeasured by combustion and gas fusion
analysis with a LECO apparatus. Table 1 shows ttegligted ferrite fractions and measured
chemical composition of the four investigated adlowith an increasing predicted degree of
instability of the austenitic phase from alloy ARcas shown by the Md30 values in Table 2, which
also gives the chemical compositions of ferrite andtenite in the four steels. One can notice that
alloy C has a chemical composition close to thathefDuplex alloy. The four alloys A to D were
cast using a Vacuum Induction Melting process goia of 25 kg. These ingots were hot forged,
and subsequently hot rolled at 1180°C down to 6 tilmokness. A solution annealing treatment of
2h at 1000°C was applied immediately followed bytewaquenching to avoid detrimental
precipitation of the brittle-phase during cooling. Finally, a cold rolling ogton of 10% and 20%
relative thickness reduction was performed whedysty the effect of pre-deformation.
For microstructural observations, the samples wmepared by standard surface preparation
methods with a final superfinishing using 040# colloidal silica. Microstructures were revealed
by electro-etching using an aqueous solution coimgi 85% of nitric acid applying a current
density of 50 mA/cmz for 30 s. The chemical comfiosiof the austenite and ferrite phases have
been determined using an electron probe micro-aaal(fdEOL JXA-8100). The final respective
composition of ferrite and austenite were takemmsaverage of 10 punctual WDS measurements
and the quantification was done using bulk starslaftie phases chemical compositions are given
in Table 2. For TEM observations, samples were aeichlly polished down to 80 um, followed
by double-jet polishing in an electrolyte consigtiof 50 ml perchloric acid, 100 ml methanol and
950 ml of butylglycol at 15°C and under a voltade2b V. Observations were carried out with a
JEOL 2100F instrument at 200 kV in STEM mode. Tif&attion diagrams were recorded and
analysed to identify the phase and determine thstaltographic orientation using the ASTAR
package, see [35,36] for more details regardinggblenique.
The respective proportions of ferrite and austediieng tensile tests were quantified by in-situ
High Energy X-ray Diffraction (HEXRD) measurementhiese measurements were carried out at
the ID15B beamline of the ESRF with an X-ray eneofjp0 keV. The Debye-Scherrer rings were



collected in transmission mode using a 2D detewtitr a frame rate of 4 images per second. The
two sample heads were moved symmetrically witheest the X-ray beam so that it could remain
at the centre of the specimen gauge length duhiagcomplete tensile test. The sample thickness
was 1.6 mm, the width 1.5 mm, the gauge length 17 and the strain rate was 5.16". The
Debye-Scherrer rings were integrated radially t@iwbdiffractograms, with a maximum value of
20 at 14°, giving access to 24 diffraction peaks tfog sum of austenite and ferrite. The phase
proportion was then calculated using a Rietveltheshent with the Fullprof software [37,38]. An
example of diffractograms evolution is given in glgmentary material (Figure S1) during
straining of alloy D. The diffraction peaks of tlaeistenite phase almost completely disappear
during the tensile tests, while the diffraction keaf (ferrite + martensite) become stronger, due t
the strain-induced phase transformation. In thesedarbon steels it is not possible to discriminate
ferrite and martensite. As a result, the evolutéhe martensite fraction was calculated from the
evolution of austenite, assuming that in the as-breated conditions, the microstructure did not
contain any martensite (which was confirmed by TBEb&ervations). Althougl-martensite was
observed by electron microscopy, it could not bangified on the HEXRD data, presumably due to
a too small volume fraction.

Microscale Digital Image correlation (DIC) was perhed on two samples exhibiting a significant
difference in terms of austenite stability during e-situ tensile test in a Scanning Electron
Microscope (SEM). In order to create a specklegpatto enable microscale DIC (at the scale of
individual phases) gold nanoparticles were obtalnedolid state dewetting according to a protocol
detailed in [28]. The DIC analysis was performethgghe CorrelManu software, see [39—-41] for
more details regarding the DIC routines.

3. Deformation mechanisms

The study of the microscopic deformation mechanisms carried out on the Duplex alloy. Figure
la shows an EBSD phase map of this alloy’s inmadrostructure (before straining), consisting of
a balanced distribution of austenite and ferritdhwain average grain size of 20 um. Figure 1b shows
the associated true stress-true strain curve, ledédclistrain hardening rate, and the evolutiorhef t
fraction of martensite as a function of strain ¢o#ted from in-situ HEXRD). These results shed
light on the relationship between SIM fraction dhe evolution of the stress-strain response. Based
on these results, ACOM-TEM observations were méige different strain increments:

- Firstly after 10% of macroscopic tensile strawhere the strain hardening rate is
decreasing and the HEXRD data does not reveal ttoeirence of a strain induced phase
transformation.

- Secondly after 20% of macroscopic tensile straihich corresponds to the minimum of
strain hardening rate and to the point where aifgégnt fraction of austenite has been transformed
into martensite.

- And finally, at fracture strain.

Figure 2 shows an ACOM-TEM phase map after 10%enbéite plastic strain, within an austenite
grain. At this stage, almost all the plastic defation has occurred by dislocation glide. The index
quality that is superimposed to the phase map @glyosuggest a planar slip in austenite, which
precedes the apparition of some localized areasnoértensite, in the form of very thin bands,
several um long and barely 100 nm thick. The piglerés (see supplementary material, Figure S2)
show, as expected, an orientation relationshipectosShoji-Nishiyama (S-NX111), Il (0001),
and[101], Il (1120),.

Figure 3 shows an ACOM-TEM phase map after 20%tiplagrain, in a formerly mainly austenitic
region, containing initially also a small elongatiedrite grain as pointed out by the arrow. The
ACOM phase map shows clearly several banded regibasnartensite and, at their intersections,
islands ofa’-martensite that are growing inside the austemiggrix. This microstructure appears to
be quite heterogeneously distributed in the mdteFize austenite at the top right of the imagé stil
presents mostly only one variant@fnartensite with almost no trace @fmartensite, whereas in



the centre a large amount @Fmartensite has already formed. The orientatiorp raa well as a
higher resolution phase map with associated pgigrdis are provided as supplementary material
(see Figures S3 ad S4). These data show thateat 2586 macroscopic tensile strain, mast
martensite has appeared as one variant, satisfii@mgkurdjumov-Sachs (K-S) and Nishiyama-
Wassermann (N-W) orientation relationships withtenise.

Figure 4 shows an ACOM-TEM phase map acquiredaatire strain. It must be pointed out that
this orientation mapping technique is particulawell suited to characterize highly deformed
materials as the indexing quality is almost ing@resito a high density of dislocations. This map
was acquired in a formerly austenitic grain, close ferrite grain visible at the top of the map.
Here, a large fraction of the austenite has transfd into martensite, in agreement with the
HEXRD results that give a transformed fraction bbat 60%. A very low fraction af-martensite
can be observed, showing that the formation ofgthsse was mostly restricted to the initial stages
of the phase transformation process, so that velienartensite has nucleated it can grow within
the remaining austenite. The respective orientatizeps of ferrite+martensite and austenite
corresponding to this phase map are provided ipleoentary material (Figure S5). Based on
these maps, one can evidence the presence ofrtasgeentations within the phases, including
martensite, which suggests that this phase wasrdetbplastically after its formation.

These results present for the first time the meishas for SIM at the high resolution permitted by
the ACOM-TEM technique, and without the issues obmpindexing due to highly deformed
microstructures. They confirm that SIM occurs fallog mechanisms previously evidenced in
austenitic steels [16] by conventional TEM and ifffde Mn-rich DSS [3] by EBSD.

4. Influence of two-phase microstructure

TEM phase mapping in the previous section allowedutravel the sequence of deformation
mechanisms leading to the SIM in the Duplex alldgpw, we will examine the role of the two-
phase initial microstructure, in order to elucid#te influence of the presence of ferrite on the
transformation of austenite. For this purpose, madel alloys, respectively an austenitic and a
ferritic alloy, have been elaborated with chemmainpositions as close as possible from those of
the two phases constituting the Duplex alloy. Tleeimposition is given in Table 3. The last line of
Table 3 shows that a hypothetical mixture of these alloys would match closely the composition
of the Duplex alloy. In order to obtain a realistiechanical behaviour for these two alloys when
compared to that of the Duplex alloy, it is necegsa satisfy two conditions: (i) they should be as
close as possible from single phase austeniticfamdic alloy, thus not presenting a significant
fraction of other phases; and (ii) they should hawgrain size similar to that found in the duplex
alloy of interest.

Equilibrium thermodynamic calculations with Ther@adc ® showed that the ferritic alloy is
100% ferritic from 1050°C to the liquid phase. AO%0 ferritic microstructure was successfully
achieved by quenching from temperatures above 1IM3@dwever, the more challenging part was
to obtain a small grain size, since grain growthekics is relatively rapid at this temperature. The
final microstructure was finally obtained by a restallization treatment consisting of a 50% cold
rolling reduction followed by a heat treatment ahthutes at 1090°C (2 min were required to reach
this temperature) followed by a water quench. Haat treatment resulted in an average grain size
of about 80 um as illustrated in Figure 5a, stliger than that of the duplex microstructure
(roughly 20um) but of the right order of magnitude.

The processing of the austenitic alloy turned owtbe more complicated, because after
solidification the ingot exhibited 13% of residdalerrite. Thermo-Calc® calculations showed that
this alloy is supposed to be 100% austenitic omlythe range 1050-1090°C. Below this
temperature, the @M phase forms and above one finds some ferritait€eegression was thus
carried out at 1090°C, i.e. the highest temperastirehich the microstructure is fully austenitic.
For short ageing times at this temperature, thengiae was small, about 30m, but the ferrite
fraction still large (~ 6 %). On the opposite lagyain size and low residual ferrite fraction were



found for long ageing times (150 um, 3.5% after)19ie best compromise was found to be a
duration of 8h resulting in a ferrite fraction ailp 3.6% and a grain size of 60 um, as illustradigd
the micrograph in Figure 5b.

The tensile stress-strain responses for the thHlegsa namely the duplex alloy and its two
components: the ferritic and austenitic alloys hgvihe same composition as the phases found in
the duplex steel, are shown in Figure 6a. The leeh&haviour of the duplex alloy lies in between
that of the ferritic and austenitic alloy in thenge of plastic strains where the constitutive
behaviour of all three materials is available. Qias to keep in mind that it is difficult to exactly
assess the behaviour of ferrite at large straioause the ferritic alloy has a low ductility andga
below 10% true strain. Figure 6b shows the straméning rate behaviour of the ferritic, austenitic
and duplex alloys, together with the fractions o$tanite transformed into martensite, determined
by in-situ HEXRD. These results show that the fierlloy has a very low strain hardening rate,
leading to premature failure. On the other hand,ebolution of strain hardening rate is similar in
both the duplex and austenitic steel, with a maxmairain hardening rate emerging shortly after
the maximum transformation rate. The higher striaamdening rate of the austenitic alloy as
compared to the duplex alloy can be explained byctinjunction of two effects:

- a higher fraction of initial austenite: 100% 8%

- and a faster kinetics of transformation of thistenite with strain.
This difference shows that the behaviour of thdemiic alloy cannot be directly transposed to the
duplex alloy beyond the qualitative similarity bktphase transformation behaviour. The difference
in kinetics may be due to two reasons (at leastdt,Rhe transformation in the duplex alloy could
be hindered by the presence of ferrite, or by thaller grain size in the duplex alloy in comparison
with that of the austenitic alloy, as evidenceddtlyer authors in [42,43]. Second, a difference
could also arise between the two materials, nanteystrengthening effect of the strain-induced
martensitic transformation could be different bedwehe austenitic and duplex alloys. In order to
test this assumption, an analytical mechanical inddscribing the tensile stress-strain behaviour
for the austenitic alloy from the martensite transfation rate has been developed. This rather
simple model allows to evaluate if this behavioauld be transposed to capture the duplex alloy
tensile response behaviour.
To describe the evolution of transformed fractidthvgtrain, a simple Olson and Cohen model [15]
was fitted to the in-situ HEXRD data with the fallmg equation:

fu =1—exp(—B[1 — exp(—A&)]")

A being the rate of formation efmartensite band® the frequency of nucleation af-martensite,
andn being the exponent relating the number of bandsdanumber of their intersectionswas
kept constant at 4.5, following the original sudgesfrom Olson and Cohen [15] whike andB
have been identified based on the kinetic deterthinem the HEXRD data. The resulting fit is
shown in Figure 6b. For the austenitic alloy bothrgmeters were determined to be equal
respectively toA=4.48 andB=2.61. For the duplex alloy both parameters wetenased: A=2.72
andB=3.02. Thus, the main difference between the duplek austenitic steel appears to beAhe
parameter illustrating the initial tendencyetmartensite formation.
In parallel, the stress-strain curve for the auttenas fitted in the initial part by a simple pawe
law: o = 0, + K" whereo, is the yield stres¥ a constant and the strain exponent. The data of
the austenitic alloy were used only to a plastiaistof about 8% where the phase transformation
starts. The adjusted fit is shown in supplementaayerials (Figure S6), resulting in the following
set of parameters;,= 275 MPaK = 908 MPa,n = 0.41. The additional contribution to strength
arises from the presence of martensite and inquéati from its interaction with austenite. To
describe the stress-strain response of the transfgr alloy, we used a self-consistent
homogenization scheme described in details in [44le constitutive law of martensite was
adjusted so that the full model would give a gogdeament with the experimental stress-strain
curve. The obtained agreement is excellent, as showFigure 6a, with a constitutive law of
martensite following a power law witty, =700 MPa,K = 3100 MPa anch = 0.5. Such a



constitutive law, with a high strain hardening exent, may be seen as the result of a dynamic
refinement of the microstructure during the phasmngformation, and reflects the fact that
martensite can be deformed for large strains aftdras been first formed. This was further
exemplified by TEM observations discussed in sec8o

Based on this identification procedure, the behaviaf the Duplex alloy has been successfully
modelled as well. The additional remaining ingredi® fully describe the behaviour of the Duplex
steel when compared to the austenitic steel isctmstitutive law of the ferritic phase. This was
achieved using the stress-strain curve of thetiemiloy. Similarly, a power law was used, fitted
over the available strain range for the ferritioyl(see supplementary material, Figure S6). The fi
results in the following set of parameterg=500 MPa K = 514 MPan = 0.47. Finally, the same
self-consistent homogenization calculation was iadpto the duplex alloy, now including the
behaviour of three phases, namely ferrite, augterihd martensite. For martensite, the same
constitutive law as the one used for describing ahstenitic alloy was used. The result of the
calculation is shown in Figure 6a along with th@enmental stress-strain curves. The agreement
with the experimental data is excellent, meanirgg the relationship between martensite fraction
and mechanical strengthening is the same, withoedainty, in the austenitic and duplex alloys.

5. Role of alloy composition and pre-straining

The role of the strain-induced martensitic transiation on controlling the level of strain hardening
rate was investigated and discussed in sectiomd.nExt step in our approach was to evaluate how
changing the kinetics of this transformation (tlee strain dependence of transformed fraction)
results in different mechanical properties in temfisstrength / uniform elongation balance. The
influence of two parameters on the alloy’s strassis curves will be evaluated by:

- changing the alloy composition to play directlp the degree of austenite instability
without changing drastically the yield strength,

- or applying a pre-deformation by rolling, whichasild increase the yield strength, while
resulting in a different fraction of transformed neasite, yet lower than that obtained for a same
strain level in tension because of the higher le¥délydrostatic stress experienced in rolling.

The composition of the four alloys investigatedhis work (labelled A to D, alloy C being close to
the duplex alloy studied in sections 3 and 4) reenlgiven in Table 1. In order to reach a different
level of instability for the austenite phase, whmaintaining a fraction of both phases close to 50%
the contents of Ni and N were varied in oppositeaions with some minor change of Cr, while
maintaining the carbon content constant. Figureh@ws optical micrographs of the initial
microstructures of the four alloys. In the init@nditions, i.e. before straining, they appeardo b
very similar in terms of phase morphology and gsire. As a preliminary investigation, the phase
fractions before tensile testing (in the initightst and after pre-deformation by rolling) have been
measured by magnetic measurements [45]. Those neeasnts were performed using the
withdrawal method in accordance to IEC 60404-14 asing Voboril's formula [46] so as to
estimate the magnetic saturation of the ferromagmetase from its chemical composition. The
volume fraction of ferrite was found to be approately 50% in alloys B, C and D, and closer to 60
% in alloy A. The initial measurements are consist@ith the ferrite fractions calculated by
Thermocalc® and will be shown to be consistent whihmore quantitative measurements made by
HEXRD. The evolution of the ferrite fractions wigine-strain shows a relatively small evolution in
alloys A, B and C. It means that during pre-defdiomg the level of strain-induced martensite
formation is within experimental uncertainty. Howeyalloy D exhibits a strong evolution when
pre-straining increases, showing that its austephiase is much more instable.

5.a Stress-strain curves



Figure 9 presents the stress-strain curves of dhe dlloys investigated with the three different
initial states, namely undeformed, 10% and 20%tickalyy deformed. The four alloys exhibit a
very different tensile behaviour. Alloy A shows ypital stress-strain curve of an alloy without
TRIP effect. Although it has the highest yield sgg#h, its uniform elongation is low and pre-
deformation reduces further its capacity for tendiéformation. On the other hand, alloy D presents
an S-shaped tensile curve typical of a significBRtP effect, which seems triggered at relatively
low strains (about 0.1 true strain). Even after-ggéormation this behaviour is still observed,
showing that the transformation of austenite intartensite was not completed during the pre-
deformation by rolling, in agreement with the résubf Figure 8. The resulting true stress at
necking and uniform elongation are both higher ttret of alloy A. Finally, in between, Alloys B
and C show very similar results, namely an S-shagbesgbs-strain curve, but less pronounced in
comparison with that of alloy D, whether in the afamed state or after pre-deformation. These
two alloys (B and C) exhibit the best compromisénMeen elongation and true stress at necking,
with values of 0.45 / 1100 MPa for the undeformeatarial, and 0.3 / 1200 MPa for the 20%
predeformed material. Table 4 summarizes the dataired from the stress-strain curves until
fracture in terms of yield stress (at 0.2% offdedin), engineering ultimate tensile strength (UTS)
and engineering fracture strain. As will be showiolwy, this optimal behaviour in alloys B and C is
made possible by a progressive plasticity inducadsformation occurring over a wide range of
strain.

5.b. Strain hardening rate and phase fractions

Figure 10 presents for all 12 cases the evolutigh strain of the true stress, the strain hardening
rate defined a® = do/de as well as the fraction of BCC phase (ferrite +tavasite) measured in-
situ by HEXRD.

For alloy A, the HEXRD results show without any dodhat there is no evolution of the phase
fractions during the tensile tests, and this waessed whatever the level of pre-deformation. The
onset of necking occurs when the true stress aathdtardening rates are equal, obeying strictly to
the Considere criterion. The strain hardening @etinuously decreases, in line with what is
expected from a non-phase transforming microstracteor alloys B and C, the fraction of BCC
phase is stable during the first 0.15 true strsiimwing the absence of austenite transformatian int
o’ martensite, and then increases slowly from 5@@&6 during subsequent straining. The strain
hardening rate is very well correlated with thelation of the phase fraction: the initial decrea$e
strain hardening rate is stopped as soon as thtemsée fraction starts to increase significantly.
Another interesting feature revealed by these wathat the excellent tensile properties of alloy B
and C clearly arise from the fact that the ratplase transformation is just large enough so Heat t
strain hardening rate remains above the valuauefdtress even for large strains. The final deereas
of the strain hardening rate below the true stressch triggers necking, seems to be related to a
saturation of the rate of austenite decompositioralloy D, the plasticity induced transformation
occurs much earlier, at around 0.05 true straid, #fuen progresses more rapidly. The austenite
fraction reaches almost zero at the end of thaléetest, which results in a drastic decrease ef th
strain hardening rate and thus necking. Earlienduthe tensile test, the difference between the
values of strain hardening rate and true stressnigecessarily large, as keeping a large strain
hardening rate capacity to large strains is necgs$sdurther delay necking.

The effect of pre-deformation by rolling also dessrto be discussed in more details. Overall, pre-
deformation decreases the uniform elongation, as®e the yield strength and shifts the phase
transformation to earlier strains. However, the nitagle of this shift appears to be much smaller
than the level of pre-deformation itself. This istter reflected in Figure 11 which presents the
evolution of phase fractions for the four alloysidor the different levels of pre-strain. The shift
between the curves displayed in Figure 11 is ircafles lower than the level of pre-deformation,
typically a shift of 10% for a pre-deformation di%.



6. Discussion

It is now well recognised that the strength / eltimn compromise in duplex stainless steels can be
effectively optimised by playing on the stability austenite, see e.g. [3,5]. For a given alloy
composition, the mechanical behaviour depends durtim the details of the heat treatment, since
high temperature annealing controls the proportiminaustenite and ferrite and consequently the
partitioning of alloying elements [6,19]. Lower tparature annealing can promote formation of
carbides that both increase the yield strength drahge the austenite stability by modifying its
chemical composition [6].

Although classical lean-DSS contain a significambant of Ni (of the order of 4 wt%), alloys have
been recently developed with Mn as an austeniteiliger instead, resulting in extremely good
mechanical properties [3]. However, these low NinkDSS present a lower resistance to fracture
and long term thermal ageing [7,8]. Thus, thereoism for mechanical properties optimization
within the medium-Ni compositions, which has beka strategy followed by the present study.
Our results show that adjusting the N/Ni ratio fisedfective way to control the austenite stability
while maintaining equal proportions of ferrite aastenite. A wide range of mechanical behaviour
have been obtained, from a material fully stableoatn temperature (alloy A) to a very unstable
material containing an austenite which transforingoat totally during a tensile test (alloy D). The
intermediate compositions, namely alloys B and @yide an optimal level of stability. In the
duplex alloy investigated in section 3 and veryigimto alloy C, the TEM observations reported
here evidence the two-stage transformation mechmatosa’-martensite through the formation of
thin bands ofe-martensite. The martensite is shown to be higldfomnable, resulting in large
orientation gradients in all phases at fracturaistrThe study of the two materials of the same
composition as the constituting phases of the dupléoy (austenite and ferrite) brings some
insights on the role of the two-phase microstruiet@ur results demonstrate that the relationship
between transformed phase fraction and flow stiseggentical in the austenitic and in the duplex
alloy. Indeed, a single mechanical model, basetherphase transformation kinetics determined by
in-situ HEXRD, describes equally well the two témsstress-strain curves with only one set of
constitutive laws for the three phases preseritpagh one has to bear in mind that this model does
not take explicitly into account the presenceeahartensite. However, the kinetics of phase
transformation turns out to be faster in the austealloy as compared to the duplex alloy. While
this may be due to a difference in grain size feify the evidence given in [42,43], it is not
possible at this time to exclude some constraimfigct of ferrite on the phase transformation in
austenite within the duplex structure, which coble related to the lower tendency for strain
localization in ferrite. To elucidate this peculj@int, a similar methodology should be carried out
with a common grain size in respectively the fulystenitic steel and the duplex steel. Since it has
proven difficult to decrease the grain size of ¢hestenitic alloy, one could increase that of the
duplex alloy instead. From the point of view of fleerite phase, however, the beneficial effect of
the presence of austenite in the DSS is very ckace the purely ferritic alloy has very limited
ductility.

Last, it is of interest to evaluate the influendett®e formation of martensite on the microscopic
distribution of plastic deformation in the complexcrostructure consisting of ferrite, austenite and
forming martensite, since a strong strain partiignmay lead to damage accumulation and thus
play a role in post-necking strain. In a recentligation [28], we have shown that in an alloy
exhibiting a high degree of instability of the amste such as alloy D, the martensitic
transformation resulted in an increasing partitigniof plastic strain within the softest phase,
namely the initial ferrite, whereas the combinatioh residual austenite and martensite were



subjected to lower levels of plastic deformatiodsing the same protocol as described in [28], the
microscopic distributions of plastic deformatiorvedeen measured in alloys A and D for different
levels of strain. Figure 12 shows that these twloyal behave very differently in terms of
distribution of microscale plastic strains. Whilkog D shows a tendency for strain partitioning
within the ferrite, alloy A presents an almost petfequi-distribution of average strain in both
ferrite and austenite. This can be further veriflgd plotting the distribution of strain values
obtained from the micro-DIC maps in the two alldgs different values of plastic strain, as shown
in Figures 12 (c), (d), (e) and (f). While, in allé\, the distribution of strain is exactly the same
ferrite and in the regions encompassing austendestrain-induced martensite, alloy D shows large
variations with ferrite deforming to much largewvéés due to the high hardness of the forming
strain-induced martensite.

A characteristic feature of these alloys where shrain hardening rate provided by the strain
induced transformation is used to improve the dityctiis necessarily their relatively low vyield
strength. Our results show that tailoring the campse between yield strength, UTS and
elongation can be achieved by pre-deformation, Wwimsproves the yield strength, of course at
some expense of the UTS / ductility compromisesTibest observed when summarizing the data
of Table 4 in two graphs, one describing the yigieéngth / fracture strain compromise, and the
other the UTS / fracture strain compromise, as showFigure 13. The principle of a TRIP-DSS is
that the strain-induced transformation should lpggéred as late as possible in order to provide
strain hardening at large strains. Pre-deformaisodetrimental in this respect insofar it triggers
some strain-induced transformation before the g of the tensile test. However, our results
show that the shift in strain of the transformeztfion during the tensile test is lower than expect
from the pre-strain. This can be related to thenghan deformation mode, namely pre-deformation
was achieved by rolling, where the hydrostaticsstie compressive, opposite to that of the tensile
test, where it is under uniaxial tension. Sinceadhie a positive volume change associated to the
strain-induced transformation, it is expected tlofling results in a smaller transformed fractian a
compared to a tensile test for an equivalent levedtrain [47]. Of course, other parameters may
play a role when changing the strain path, sudexsre effects, which have been shown to play a
role on the strain-induced transformation [20].

A way to suppress the phase transformation thatreaduring pre-deformation by cold-rolling is to
perform pre-deformation at warm temperature, wiaeigenite is much more stable. In order to test
this idea, a slightly modified version of alloy Bamely alloy E, was finally cast with a chemical
composition equivalent to alloy D for all elemestscept Nitrogen whose content was adjusted at
0.067 wt%. It was processed likewise the otheryall@and pre-deformed 20% by rolling either at
room temperature or at 200°C. Figure 14 showsdbalting tensile stress-strain curves. The cold-
deformed material shows a stress-strain curve cteistic of a material where a significant
amount of phase transformation has already takaceplwhile the warm rolled material exhibits a
long Luders-like plateau before the high straindeaing rate related to the phase transformation
begins. This shows that warm pre-deformation isetiactive way to improve the alloy’s yield
strength while retaining the phase transformatioteptial for the desired final tensile properties.

7. Conclusions

This study has systematically investigated thetjglaeformation mechanisms in duplex stainless
steels showing a transformation-induced martensitinsformation, their relationship with stress-
strain curves and the effect of alloy compositiod are-deformation on the mechanical behaviour.
The main conclusions can be drawn as follows.

1 Note that the differentiation of strain betweea fthases is made from chemical contrast in badksedtSEM
images, so that it is not possible to different&ttain between austenite and martensite usindgbisique.



- In these alloys, strain-induced martensitic tramsfition occurs by a two-step mechanism
involving the formation of-martensite followed by the formation af-martensite at the
intersection oE-martensite bands.

- The kinetics of strain-induced transformation ie ttuplex alloy is similar but slower as
compared to that occurring in an austenitic allavihg the same composition than the
austenitic phase of the duplex alloy.

- A rather simple mechanical model was able to capbath the stress-strain behaviour of the
austenitic and duplex alloys from the experimeptatieasured martensite fractions, using
only one set of constitutive laws for the three enats involved: austenite, ferrite, and
martensite.

- Adjusting the alloy chemistry by playing with the/N ratio or the thermomechanical path
by tuning the level of pre-deformation is an effeetway to tailor the yield strength /
ultimate tensile strength / elongation compromisB$Ss. The optimal range of Ni/N ratio,
given the content in other alloying elements of steels, lies between the alloys B and C.

- The austenite stability is the key parameter ferdantrol of the plastic behaviour. When it
is properly adjusted, the strain hardening ratereamain slightly above the true stress value
up to large strains and thus promote a good cortibmaf ultimate tensile strength and
elongation.
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Alloy C Ni Cr N fu

A 0.02 3.63 23.91 0.19 57.9
B 0.0z 4.0¢ 22.8¢ 0.1f 49.£

C 0.0z 4.2¢ 22.4: 0.11 51.¢

D 0.02 4.58 22.15 0.07 53.3

Table 1: Chemical compositions of alloys A, B, @adhgiven in wt%. Ferrite fractiory in the

undeformed state is also provided, those valuesacellated from the compositions predicted by

Thermocalc.
Alloy Phase Ni Cr N Md30 (°C)
A a 2.8 25.3 0.02 NA
y 4.4 22.9 0.39 -119
B o 2.€ 25.¢€ 0.0z NA
y 4.8 21.7 0.21 -13
C o 3.C 25.¢€ 0.0z NA
y 5.3 21.1 0.16 -3
D a 3.1 25.1 0.02 NA
y 5.€ 20.5 0.1Z2 24

Table 2: Chemical compositions of ferrite and anigtein the four alloys of Table 1 in their

undeformed state. Measurements were carried ontitrypprobe analysis and are given in wt%.
Md30 temperatures calculated using the Nohara flarmae given for the austenite phase as an

indication of its stability during straining.

Alloy C Mn Ni Cr Mo N
Duplex 0.021 1.15 4.24 22.12 0.28 0.12
Austenitic 0.031 1.18 5.20 20.04 0.22 0.19
Ferritic 0.005 0.90 3.13 24.69 0.34 0.028
A+F 0.c1¢ 1.0t 423 22.2:2 0.2¢ 0.11

Table 3: Compositions of the Duplex alloy, of thestnitic alloy, of the ferritic alloy, and of a
hypothetical alloy made of 50% of the ferritic aagstenitic alloys, whose composition is
calculated using the rule of mixture.



Alloy Pre-deformation | Yield stress| UTS (MPa | Fracture strail
(%0) (MPa) (%0)
A 0 530 693 23
10 730 783 19
20 914 929 10
B 0 500 721 60
10 600 750 53
2C 85¢ 917 36
C 0 50C 714 62
10 650 792 49
20 750 871 30
D 0 433 733 33
10 600 886 25
2C 68E 937 18
Duplex 0 40( 664 58

Table 4 : Data for 0.2% offset yield stress, ultiengensile strength (engineering stress) and fractu
strain (engineering strain) for the four alloysoAD in the undeformed and pre-deformed states, and
for the Duplex alloy.
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Figure 1: (a) EBSD phase map of the Duplex allothamundeformed state with ferrite in green and
austenite in red. (b) True stress- true strainewfithe Duplex alloy, calculated strain hardening
rate and evolution of the martensite fraction dateed by in-situ HEXRD.
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Figure 2: STEM phase map of the Duplex alloy af@¥o true plastic strain. The corresponding
pole figures can be found in supplementary material
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Figure 3: STEM phase map of the Duplex alloy a@¥%o true plastic strain. The corresponding
orientation map and pole figures can be found ppkmentary material. The white arrow
delineates an initially ferritic grain.
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Figure 4: STEM phase map of the Duplex alloy attfree strain. The corresponding orientation
map and pole figures can be found in supplememtatgrial. The white arrow delineates an
initially ferritic grain.



Figure 5: Optical micrographs showing (a) the gstmcture of the ferritic alloy mimicking the
ferrite phase of the Duplex alloy and (b) the gsthuicture of the austenitic alloy mimicking the
austenite phase of the Duplex alloy, where oneotserve a small residual fraction of undissolved

ferrite.
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Figure 6: (a) True tress - true strain curves efluplex alloy and both the model austenitic and
ferritic alloys (lines), along with the modelledreas (symbols) for the last two alloys ; (b) strain
hardening rate corresponding to the stress-straires of (a) (dashed lines) and corresponding
martensite fractions measured by in-situ HEXRDe@ihas well as the modelled fractions
(symbols).
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Figure 9: True stress — true strain curves foryalla, B, C and D with the three different initial
conditions: (a) undeformed, (b) pre-deformed 10% @) pre-deformed 20%.
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Figure 10: True stress-strain curves for the 4yalia the undeformed, 10% and 20% deformed
states, along with the strain hardening gagad the proportion of ferrite + martensite, meadilby
in-situ HEXRD. £' column: Undeformed alloys"2column: 10% pre-deformed alloys® 8olumn:
20% pre-deformed alloys®'line: alloy A; Z%line: alloy B; 3° line: alloy C; 4" line: alloy D.
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Figure 11: Compared evolutions of the fractionfefrfte + martensite) during straining in the three
alloys showing strain-induced martensite (a) aBoyb) alloy C and (c) alloy D, for the
undeformed, 10% pre-deformed and 20% pre-deformiédlistates.
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Figure 13 : graphs of (a) Yield stress and (b) @§% function of fracture strain, for the four miode
alloys A to D and the three levels of pre-deformatiand for the Duplex alloy in the undeformed
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Figure 14: True stress — true strain curves ofydppre-deformed 20% by cold or warm rolling.





