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Abstract 28 
 29 
Recent demonstrations of inverted thermal activation of charge mobility in polymer field-effect transistors 30 

have excited the interest in transport regimes not limited by thermal barriers. However, rationalization of the 31 

limiting factors to access such regimes is still lacking. An improved understanding in this area is critical for 32 

development of new materials, establishing processing guidelines, and broadening of the range of 33 

applications. Here we show that precise processing of a diketopyrrolopyrrole-tetrafluorobenzene-based 34 

electron transporting copolymer results in highly reliable, single crystal-like and voltage-independent 35 

mobility with vanishing activation energy close to room temperature, clearly deviating from a temperature 36 

activated transport. Key factors enabling such transport behavior are uniaxial molecular alignment and 37 

thermal annealing at temperatures within the melting endotherm of films. The latter preserves chain 38 

alignment and increases crystal thickness. Experimental and computational evidence converge toward a 39 

picture of electrons being delocalized within crystalline domains of increased size. Residual energy barriers 40 

introduced by disordered regions can be effectively bypassed in the direction of molecular alignment by a 41 

more efficient interconnection of the molecularly ordered domains following the annealing process. Such 42 

rationalization of the microstructural and electronic origin of improved, non-thermally activated electron 43 

transport is crucial to redefine the limits of charge carrier mobility in polymer semiconductors and promote 44 

their implementation in high-performance devices of practical use.  45 

1. Introduction  46 
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 47 
Semiconducting polymers with ideal, band-like transport are strongly desired to meet the requirements for a 48 

vast range of applications in the field of flexible, large-area electronics,1, 2 including wearable, portable and 49 

distributed sensing, monitoring and actuating devices.3, 4, 5 This need derives from a fundamental limit to the 50 

maximum charge mobility in temperature activated transport regimes, which is generally assumed to be < 1 51 

cm2/Vs for hopping.6, 7 Such performance cannot meet the increasingly stringent requirements for emerging 52 

thin film technologies such as high resolution backplanes, full color displays and sensors networks, among 53 

others.  54 

A vast library of high performance donor-acceptor copolymers has been developed in recent years, making 55 

solution processed conjugated polymers yet more appealing for large-area and flexible electronic 56 

applications.4, 8, 9, 10, 11, 12, 13 Among them, materials with field-effect electron mobilities exceeding 1 cm2/Vs 57 

are no longer isolated examples,14, 15, 16, 17, 18, 19, 20, 21, 22, 23, 24, 25, 26, 27 demonstrating that n-type polymer field-58 

effect transistors (FETs) are catching up their p-type counterparts.12 Band-like transport in organic materials 59 

is now well established in the case of small molecules, both for single crystals28, 29, 30, 31 and more recently for 60 

thin films.32, 33 Likely because of the intrinsically higher degree of disorder in polymer semiconductors, very 61 

few cases of inverted temperature activated transport have been demonstrated for p-type polymer devices,34, 62 
35, 36, 37 and only a single one for n-type ones.38 The observation of such inverted temperature activation has 63 

been so far assigned either to a specific chemical structure,38 to processing conditions, 34 or to the degree of 64 

backbone alignment.35, 36, 37 It is indeed of utmost importance to clarify the conditions necessary to observe 65 

the transition from thermal activation towards temperature independent and band-like transport in polymer 66 

FETs.  67 

Here we report the systematic investigation of structure-function relationships in a solution-processable 68 

polymer comprising alternating dithienyldiketopyrrolopyrrole (ThDPPTh) and tetrafluorobenzene (F4) units, 69 

referred to as PThDPPThF4 (Figure 1a).39 PThDPPThF4 used herein is synthesized by direct arylation 70 

polycondensation using a simple four-step protocol, and is free of homocoupling defects.40 We demonstrate 71 

that the combination of uniaxial alignment and thermal annealing within the temperature range where partial 72 

melting of crystals gives access to efficient temperature-independent electron transport close to room 73 

temperature, at the boundary between temperature-activated and band-like regimes. The transport properties 74 

between these two regimes can be controlled by distinct thermal annealing protocols below, in close 75 

proximity to and above the melting temperature (Tm) of the material. Annealing at a temperature at which the 76 

smaller crystals melt, but the larger ones are maintained, allows for the thickening of the latter while 77 

preserving uniaxial chain alignment, giving rise to a gate bias-independent electron mobility of 3 cm2/Vs. 78 

Using detailed thermal, morphological, opto-electronic and theoretical methods, we are able to assign the 79 

origin of the improved transport properties to the synergy of improved order within the crystalline domains, 80 

of increased interconnectivity of such domains, and of a significantly reduced contribution of the disordered 81 

regions. Our findings offer practical processing guidelines for microstructure engineering in high mobility 82 

polymer thin films beyond thermally limited charge transport.   83 

 84 
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2.1. Thermal characterization of PThDPPThF4 thin films  85 

 86 

87 
Figure 1: Fast scanning calorimetry data.  (a) Molecular structure of PThDPPThF4. R= 2-octyldodecyl. 88 

(b) Fast scanning calorimetry (FSC) 1st heating, 2nd heating and cooling traces for a spin-cast thin film of 89 

PThDPPThF4 with Mn = 14 kg mol-1. The three temperatures T1, T2 and T3 are below, within and above the 90 

melting endotherm, respectively and used throughout this study. (c) Temperature program of isothermal 91 

annealing: stage I is the heating ramp from 30 ºC to the annealing temperature (Tann) at a rate of 2000 ºC s-1, 92 

stage II is a 5 min annealing period at Tann, and stage III corresponds to a scan from Tann to 450 ºC at 2000 ºC 93 

s-1. (d) Heating traces using the isothermal annealing protocol shown in (c) with T1 = 210 ºC and T2 = 287 ºC. 94 

The black lines correspond to the calorimetric signal recorded as heating as spun samples up to the annealing 95 

temperatures, i.e. segment I in (c). The red and the blue lines correspond to the heating scans recorded 96 

immediately after the 5-min-annealing steps at T1 and T2, respectively, i.e. segment III in (c).  97 

 98 
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Thermal annealing is a widely employed strategy to enhance the transport properties of semiconducting 99 

polymer thin films via rearrangement of microstructure. Finding the optimal annealing temperature is usually 100 

either empirical or based on the phase behavior deduced from differential scanning calorimetry (DSC) 101 

performed on bulk samples. However, it is well-known that the phase behavior of bulk polymer materials 102 

often differs from that of thin films,41 which are typically employed in FETs. Furthermore, in the spin casting 103 

process the polymer rapidly solidifies, giving rise to a kinetically trapped, non-equilibrium microstructure. 104 

Hence, the direct correlation between the phase behavior, including the thermal transitions, of spin coated 105 

thin films and standard DSC data is not always accurate. In order to assess the thermal behavior and the 106 

effect of thermal annealing on PThDPPThF4 thin films processed under the conditions employed in FET 107 

devices, we conducted fast scanning calorimetry (FSC) instead of standard DSC experiments. FSC offers 108 

several advantages compared to standard DSC when elucidating the phase behavior of semiconducting 109 

polymers.42 Firstly, the high scanning rates of up to 50000 ºC s-1 allow for the analysis of very thin films, 110 

which can be spin cast from solutions directly onto chip-sensors. Secondly, the microstructure developing 111 

during processing can be investigated because (i) the excellent thermal contact between the thin film and the 112 

chip-sensor allows for a reliable evaluation of the first heating curves and (ii) the fast heating rates may 113 

avoid further structural reorganization during the heating scan.43 Equally important is that temperature 114 

windows outside common stability ranges of the materials become accessible as thermo-oxidative 115 

degradation at high temperatures is largely avoided because of the scanning rate.44 For a complete discussion 116 

of DSC vs. FSC see the Supplementary Information (SI).  117 

The FSC traces of the 1st and the 2nd heating and the 1st cooling scans of a spin cast, ~ 40 nm thin 118 

PThDPPThF4 film (number-average molecular weight, Mn: 14 kg mol-1; dispersity, Ɖ: 3.7) at a scan rate of 119 

2000 ºC/s are shown in Figure 1b. We associate the main endothermic peaks in heating scans with melting of 120 

the crystalline regions of PThDPPThF4. As such, the melting temperatures (Tm) for the as-cast (1st heating 121 

scan) and the melt-crystallized (2nd heating scan) samples amount to 283 and 285 ºC, respectively. Likewise, 122 

the main exothermic peak at 261 ºC in the cooling trace corresponds to crystallization of PThDPPThF4. 123 

Because the 1st heating trace in Figure 1b reflects the microstructure developed during spin coating, it can be 124 

used as a guide to judiciously select annealing temperatures. Accordingly, the annealing temperatures T1, T2 125 

and T3 were selected as temperatures well-below, within and above the melting endotherm, respectively. At 126 

T3, PThDPPThF4 is in the liquid state where molecular order is lost, and the final microstructure of the film 127 

at room temperature depends on the cooling kinetics. Conversely, PThDPPThF4 films are semicrystalline 128 

when annealed at T1 and T2 and thus the impact of annealing at those temperatures can be evaluated by 129 

calorimetry. In order to do so, we designed the thermal protocol shown in Figure 1c. T1 = 210 ºC and a T2 = 130 

287 ºC were selected according to the data presented in Figure 1b. Classical isothermal crystallization 131 

experiments in which films are quenched from the melt to a pre-selected crystallization temperature were not 132 

considered so as not to erase backbone alignment. The black traces in Figure 1d correspond to the 133 

calorimetric signal recorded when heating an as-spun film up to the annealing temperature (stage I, Figure 134 

1c). The red and the blue traces correspond to the heating scans recorded immediately after the isothermal 5 135 
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min periods at T1 and T2, respectively (stage III). We find that annealing at T1 has no impact on the melting 136 

behavior, as expected. On the contrary, annealing at T2 provokes a marked shift of the melting endotherm 137 

towards higher temperatures with Tm increasing by more than 29 ºC with respect to the Tm of the pristine 138 

films and films annealed at T1. The increase in Tm can be rationalized in terms of thickening of the crystalline 139 

lamellae during annealing at T2, in agreement with the Gibbs-Thomson theory.45 Accordingly, in 140 

PThDPPThF4 films annealed at a temperature within the melting temperature range, the thinner crystalline 141 

lamellae melt, while the thicker lamellae remain solid and evolve towards the thermodynamic equilibrium 142 

structure, which corresponds to crystals where chains are fully extended.46 Therefore, during annealing at T2, 143 

the thickness of the solid lamellae significantly increases, which results in the observed, notable increase of 144 

Tm (for further discussion of crystal reorganization see SI). This behavior is common to all PThDPPThF4 145 

samples analyzed, independently on chain length and molecular characteristics, as demonstrated in the SI for 146 

samples of Mn = 11, 14 and 30 kg mol-1 (Figure S6). Further confirmation comes from measurements 147 

performed at lower scanning rates, using standard DSC and optical microscopy and spectroscopy (see 148 

Figures S5, S7-S9).43, 47  149 

 150 
 151 
2.2. Optical Characterization of Aligned Films 152 
 153 

 154 
Figure 2: Uniaxial alignment and optical anisotropy. a) Schematic of the off-center spin coating 155 

deposition method; b) polarized UV-Vis spectra of films aligned using off-center spin coating and 156 

subsequently annealed at T1, T2 and T3. The grey filled Gaussians are fittings of films annealed at T1 and T2.  157 

 158 
A strong enhancement of charge mobility in polymer semiconductors can be obtained with uniaxial 159 

backbone alignment, inducing transport anisotropy and favoring improved transport properties along the 160 

alignment direction.48 To exploit such behavior, we have realized uniaxially aligned films using either off-161 

center spin coating (Figure 2a), or wired-bar coating, according to a methodology based on the exploitation 162 

of marginal solvents and directional flow during deposition.14, 49 These two techniques produce similarly 163 

aligned and microstructured films. 164 
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Figure 2b shows UV-Vis spectra of aligned films after annealing at T1, T2 and T3. All spectra feature a low 165 

energy (namely, charge transfer or CT band) and a high energy (not shown) band. While significant spectral 166 

changes between films annealed at T1 and T2 cannot be observed, a strong hypsochromic shift occurs after 167 

melt-annealing at T3. Spectra of films annealed at T1 and T2 show three contributions, two bands at low 168 

energy (≈1.60 eV and ≈1.77 eV) assigned to 0-0 and 0-1 transitions within PThDPPThF4 aggregates, and a 169 

shoulder peaking at ≈1.88 eV, which is assigned to disordered polymer chains.40 Following this assignment, 170 

we can observe that the content of crystalline regions is similar for films annealed at T1 and T2, despite the 171 

population of thicker crystallites after annealing at T2. Upon melt annealing at T3 and successive cooling, the 172 

thermal history of the film is erased. As a consequence, the band at 1.88 eV dominates the spectrum owing to 173 

an increased molecularly disordered structure.  174 

Measurements of the dichroic ratio (DR) reveals optical anisotropy after annealing at T1 and T2 (DR ≈ 2 in 175 

both cases), implying preferential alignment of polymer chains along the radial direction induced during off-176 

center spin coating. It is important to emphasize that uniaxial alignment is maintained upon annealing at T2, 177 

which is a consequence of the thicker crystals acting as nuclei that dictate chain and crystal orientation. In 178 

contrast, melting at T3 followed by cooling to room temperature entirely erases any preferred backbone 179 

alignment. 180 

 181 

2.3. Microstructural Characterization of Aligned Films 182 
 183 
Grazing incidence wide-angle X-ray scattering (GIWAXS) was employed to gain information on how 184 

annealing processes modify morphology and coherence lengths. d-spacings and coherence lengths from two-185 

dimensional GIWAXS pattern are summarized in Table 1 (for GIWAXS patterns see Figs. S10-S11). The 186 

sample annealed at T1 shows a semicrystalline morphology with pronounced edge-on orientation of chains 187 

(as evaluated through Herman’s S-parameter, S = 0.49, Fig. S12 and Table S2). The main chain-side chain 188 

separation (100 reflection) and π-stacking (010 reflection) distances are 2.04 nm and 0.37 nm, respectively. 189 

Upon annealing at T2, both the main chain-side chain separation distance and the π-stacking distances 190 

increase to 2.11 nm and 0.38 nm, respectively. A population of face-on crystallites appears, which shifts the 191 

S-value to S = 0.32. The coherence lengths in both stacking directions improve considerably compared to 192 

films annealed at T1: from 13.7 nm to 16.45 nm for the (100) and from 5.37 nm to 7.28 nm for the (010) 193 

reflection. This is a clear indication of an increased crystal dimension upon annealing at T2, in agreement 194 

with the FSC data. Melt-annealing at T3 results in a major loss of crystalline scattering features, in agreement 195 

with optical characterization (Figure 3). In the sample annealed at T3, mainly diffuse scattering from weakly 196 

correlated side-chain stacking and π-stacking is observed, indicative of a prevalently amorphous film. Only 197 

the π-stacking distance of a minor residual crystalline fraction is still seen, but is significantly larger, ~ 0.44 198 

nm, while the coherence length is strongly reduced to 1.36 nm. Thus, T3 annealed films are weakly 199 

crystalline and characterized by much smaller and more disordered crystallites. 200 

 201 
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Table 1. Summary of d-spacings and coherence lengths for alkyl- and π-stacking as derived from analysis of 202 

the GIWAXS data (see SI, Section 2.7). 203 

 (100) main chain side chain 

separation 

(010) (π-stacking) 

Sample d-spacing 

(nm) 

Coherence 

Length (nm) 

d-spacing 

(nm) 

Coherence 

Length (nm) 

T1 2.04 13.70 0.37 5.37 

T2 2.14 16.45 0.38 7.28 

T3 - - 0.44 1.36 

 204 

Near-edge X-ray absorption fine structure (NEXAFS) spectroscopy measurements on aligned films (Figure 205 

S14)50 support the view of a strong in-plane alignment of polymer chains at the surface of films annealed at 206 

T1 and T2, with mostly identical dichroic ratios (calculated as the maximum resonance intensity of the carbon 207 

1s-π* transition divided by the minimum resonance intensity) of 6.6 upon annealing at T1 and 6.1 for 208 

annealing at T2. In general, all annealed films exhibit a more marked edge-on orientation of polymer 209 

backbones at the surface compared to the bulk (tilt angle values comprise between 62° and 66°, Table S2).  210 

TEM analysis of films annealed at T1 and T2 (Figure 3a,b) shows in-plane π-stacking peaks of mostly edge-211 

on oriented crystallites, and sharper π-stacking reflection upon T2 annealing, indicating an increased 212 

crystalline order, in agreement with GIWAXS analysis. The samples annealed at T1 show some reflections 213 

along the chain direction at 2.7 Å and 2.3 Å, suggesting periodic ordering of the monomeric units. In the 214 

sample annealed at T2, no more reflections are seen along the chain direction supporting a mechanism of 215 

disordering in the overlap of successive chains within the π-stack. This situation is similar to that recently 216 

observed in a different low bandgap polymer, namely PCE11.51 In PCE11, a segregated stacking between 217 

benzothiadiazole and quaterthiophene units is observed for low crystallization temperatures and a disordered 218 

stacking of the two units for temperatures close to the melting. From a morphology point of view, a lamellar 219 

periodic structure with a 28 nm period (Figure 3b) is apparent after annealing at T2. This situation is 220 

reminiscent of the naphthalene diimide bithiophene co-polymer for which a transformation of form I to form 221 

II upon thermal annealing results in a similar morphological change from a fibrillar morphology in pristine 222 

films (form I) to a periodic lamellar morphology (form II).52 223 
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 224 
Figure 3: Microscopic characterization.  a,b) TEM analysis of T1- and T2-annealed films with insets 225 

showing electron diffraction; c-e) AFM topography images of oriented films annealed at T1 (Rr.m.s.= 1.2), T2 226 

(Rr.m.s.= 0.62), and T3 (Rr.m.s.= 0.54) (scale bar for AFM images: 500 nm). 227 

 228 

In Figure 3c-e atomic force microscopy (AFM) topography images are reported. Whisker-like elongated 229 

superstructures can be observed on the surface of films annealed at T1 (Figure 3c), clearly aligned along the 230 

radial direction of spin. Upon annealing at T2 (Figure 3d), the whiskers transform into crystalline lamellae of 231 

~30 nm thickness, which apparently are oriented perpendicular to the radial direction of the spin (i.e. chains 232 

being aligned radially to the spin), in agreement with TEM analysis (Figure 3b). Backbone direction, 233 

however, does not change upon annealing at T2. After solidification from T3 (Figure 3e), the top surface is 234 

composed of small domains that lack any evidence of an ordered structure. 235 

 236 

2.4. Local packing from solid state NMR  237 

 238 
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 239 

Figure 4: Solid-state NMR data. Results from 19F-19F solid-state NMR. (a) Conformation of the polymer 240 

backbone inside the ordered domains after annealing at T1. (b) schematic representation for the interpretation 241 

of the 19F-19F DQ-SQ correlation spectra shown in (c) to (e): while only one broad pair of cross-correlations 242 

is observed after annealing at T1, three new cross-correlation pairs with significantly narrower lines are 243 

observed after annealing at T2. Annealing at T3 leads to mostly non-planar conformations around the F4 244 

monomer. 245 

 246 

To gain detailed information about temperature-dependent polymer chain conformation and the local 247 

molecular packing of PThDPPThF4, we performed solid-state 1H and 19F magic-angle spinning (MAS) NMR 248 

experiments on samples annealed at different temperatures. These experiments rely on the reintroduction of 249 

the homonuclear 1H-1H and 19F-19F dipolar coupling via 2D double-quantum single-quantum (DQ-SQ) NMR 250 

correlation experiments,53 providing molecular information about spatial proximities and chain 251 

conformations.54, 55 In addition, 2D 1H-13C heteronuclear correlation (HETCOR) spectroscopy experiments 252 

were performed. Like the 1H and 19F MAS NMR techniques, these experiments utilize the heteronuclear 253 

direct dipolar coupling to transfer magnetization directly through space from 1H to 13C, thereby offering the 254 

potential to establish through-space interchain correlations. 255 

On the basis of the observations from 2D 1H-1H DQ-SQ and 19F-19F DQ-SQ NMR correlation spectra, all 256 

reported in Section 2.9 of SI, it can be concluded that the amorphous-like phase of the samples is 257 

characterized by a non-planar Th-F4-Th conformation and less ordered aliphatic side chains. Conversely, a 258 

strongly planarized molecular conformation is observed within the ordered domains of the samples annealed 259 

at T1 and T2. 260 

Annealing at T1 leads to a single stacking configuration for PThDPPThF4 in its ordered domains, with one 261 

prevalent polymer conformation as schematically illustrated in Figure 4a. This conformation includes (i) an 262 
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intramolecular hydrogen bond between the DPP and neighboring Th group, as well as (ii) a co-planar ‘anti’ 263 

conformation of the thiophene groups surrounding the F4 units. Combining 1H-1H DQ-SQ and 19F-19F DQ-264 

SQ correlation data with insights from 1H-13C HETCOR data (Figure S22), we propose a packing model for 265 

the polymer in the ordered domain, with the DPP units of one chain being placed above/below the F4 units 266 

of neighboring polymer chains. While this arrangement places an electron-deficient DPP unit above another 267 

electron-deficient F4 unit, it maximizes the distance between the sterically demanding aliphatic side chains, 268 

suggesting that the formation of this packing mode is at least partially driven by a reduction in steric 269 

hindrance. Taken together, this leads to the packing model I shown in Figure 5b, corresponding to a shifted 270 

packing of the PThDPPThF4 main chains, where the DPP units are sandwiched in between F4 units from 271 

above and below. 272 

Going to the higher annealing temperature T2, no significant changes in conformation in the ordered domains 273 

are observed from both 1H and 19F NMR spectra. However, 1H-1H DQ-SQ correlation data indicates an 274 

increase in the order of the aliphatic side chains (Figure S18), while 19F-19F DQ-SQ correlation data shows 275 

the occurrence of three distinct cross-correlation peaks, with different chemical shifts compared to the 276 

correlations observed for T1 (Figure 4c to 4e). Since any conformational change around the F4 unit should 277 

result in either the occurrence of one or two auto-correlations (Figure 4b), the emergence of three distinct 278 

cross-correlation peaks clearly indicates the formation of at least two new packing modes, henceforth 279 

referred to as packing mode II and III (Figure 5c,d). The structure of these two packing modes can be 280 

deduced by combining the results of 1H and 19F MAS NMR with further 1H-13C experiments, establishing a 281 

picture where packing modes II and III emerge from mode I via a slip of the polymer chains along their long 282 

axes, placing the DPP and F4 units now above neighboring Th units. This places the electron-deficient 283 

groups above and below electron-rich Th units, likely resulting in a lower overall energy. Sliding of the 284 

polymer backbones is possibly facilitated by an increase in order of the aliphatic chains, resulting in less 285 

steric demand in the long-axis direction of the polymer backbone and, as evident from GIWAXS, in an 286 

increased main chain-side chain separation distance with respect to T1.  287 

Since for every DPP and F4 unit two Th units are present in the polymer chain, the slip can occur in two 288 

directions (Figure 5e) leading to the formation of either packing mode II or III. Interestingly, packing mode 289 

II retains point reflection symmetry in the F4 unit, resulting in two of the 19F sites at the F4 unit being 290 

equivalent, while this symmetry is no longer present in mode III, where all four 19F sites at the F4 unit are  291 

inequivalent.  292 

Heating above the melting temperature at T3 breaks a large fraction of the co-planar ‘anti’ conformations of 293 

the F4 group with respect to the neighboring Th units, increasing dihedral angles and leading to a packing 294 

structure of PThDPPThF4 dominated by random intra-chain conformations.  295 
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 296 
Figure 5: Molecular packing. Schematic representation of local packing from solid-state NMR. (a) The 297 

predominant conformation in the ordered domains is characterized by an intra-molecular hydrogen bond and 298 

the ‘anti’ configuration of the thiophene monomers next to the F4 unit; (b) packing model I for the ordered 299 

domains after annealing at T1, which upon annealing at T2 transforms into packing models II (c) and III (d). 300 

The three models are connected via a slipping motion involving the both neighboring chains moving in either 301 

the same or opposite directions (e). 302 

 303 

 304 
2.5. Room temperature FETs electrical characterization 305 
 306 

 307 
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Figure 6: Electrical data of FETs. FET characterization of PThDPPThF4. (a) Sketch of source and drain 308 

pattern configuration parallel (para) and perdendicular (perp), allowing to probe transport parallel and 309 

perpendicular to the chain direction, respectively; (b) transfer curves  (W = 1000 µm L = 80 µm), deposited 310 

using off-center spin coating, annealed at T1, T2 and T3 and probed parallel and perpendicular to chain 311 

direction; (c) saturation mobility values (µsat) vs. VGS plot of films annealed at T1, T2 probed parallel to chain 312 

direction; (d) transfer curves after annealing at T2  (W = 1000 µm L = 100 µm) including an injection 313 

interlayer at VDS = 5 V, VDS = 30 V and VDS = 60 V; FET parameters of curves in (d): W = 1000 µm; L = 100 314 

µm; Ci = 5.7 nF/cm2.  315 

 316 

We fabricated bottom-contact, top-gate FETs using uniaxially aligned PThDPPThF4 thin films and a ≈550 317 

nm thick PMMA dielectric layer. For uniaxial alignment, we employed alternatively off-center spin coating, 318 

as for optical and structural characterization samples, and wired-bar coating, a fast, large-area and scalable 319 

directional printing process.14  320 

To avoid extrinsic phenomena such as contact resistance and current-induced self-heating (Joule effect) 321 

leading to a questionable extraction of intrinsic transport parameters,7, 56, 57, 58 FETs with a large channel 322 

length (from 80 µm to 100 µm) were mainly employed for  mobility extraction. For comparison, I-V curves 323 

of devices with 20 µm long channels are additionally reported in SI.  324 

The transport properties were investigated both with backbone alignment orientation parallel (Figure 6a, 325 

para source & drain configuration) and perpendicular (Figure 6a, perp source & drain configuration) to the 326 

charge transport direction (as defined by the orientation of electrical contacts). In Figure 6b, representative 327 

transfer curves of FETs with 80 µm channel length are shown (output curves are reported in Figure S25b and 328 

S26b). All devices exhibit typical ambipolar V-shaped curves with a clear prevalence for n-type current 329 

modulation and a weak p-type current appearing below 10 V. Gate leakage current is always much lower 330 

than drain-source current in all the explored voltage range (Figure S25a and S26a). Backbone alignment 331 

results in charge transport anisotropy with improved transport properties along the direction of polymer 332 

backbones (para, Figure 6b). In films annealed at T1, a 2.6× higher source to drain current (IDS) is recorded 333 

with respect to perp configuration at the maximum VGS employed in saturation regime. In films annealed at 334 

T2, the IDS,para/IDS,perp ratio increases  to ≈ 5, owing to an improvement of transport only in the parallel 335 

direction. In films processed at T3, transport anisotropy is no longer present, in agreement with the loss of 336 

uniaxial alignment, and a general drop of current is observed.   337 

Apparent saturation mobility values were first extracted from the local slopes of IDS
1/2 vs. VGS for the 338 

saturation regime and of IDS vs. VGS for the linear regime, according to the gradual channel approximation 339 

equations.59 Focusing on the transport properties parallel to backbone alignment (Figure 6c), for films 340 

annealed at T1, gate voltage-dependent mobility values are extracted within the entire investigated range, i.e. 341 

up to VGS = 80 V. At the maximum applied VGS the maximum apparent mobility extracted is ≈ 1.7 cm2/Vs. 342 

Such marked voltage dependence of mobility in a long channel polymer transistor where contact effects 343 
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should be mitigated can be associated to charge density transport dependence in a broad density of states 344 

(DOS) and/or trap filling.60, 61  345 

More interestingly, upon annealing at T2, the apparent mobility value parallel to backbone alignment (µpara) 346 

rapidly saturates to a constant value at relatively low VGS  > 30 V, i.e. just 10 V above the threshold voltage 347 

VTh (Figure 6c), denoting more ideal transport characteristics. Moreover, the electron mobility is found to 348 

exceed 1 cm2/Vs for VGS values very close to VTh (i.e. at the early onset of the device). To further reduce VTh, 349 

we implemented an injection layer into the device (see details in SI, Figure S27, and transfer curves in Figure 350 

6d), leading to a reduction of VTh by ~ 5 V with no variation of mobility values. This is indicative of a 351 

contact resistance-dominated turn-on voltage which may be further engineered and improved. 352 

As a more reliable parameter and to take into account device non-idealities, we extracted the effective 353 

mobility μeff as the product between the apparent mobility and the measurement reliability factor r, as 354 

recently defined by Choi et al.62 In Figure 6d, IDS vs. VGS and IDS
1/2 vs. VGS curves for T2 annealed films, both 355 

in linear and saturation regime, from devices with an injection layer are reported. Current values are recorded 356 

parallel to the alignment direction. It is worth noting that μeff of ≈ 1.5 cm2/Vs is obtained already in the linear 357 

regime (VDS = 5 V), as a result of a high reliability factor of ≈ 77 %. Such a high r value indicates FET 358 

behavior not far from ideality. In the present case the reliability factor is mostly limited by the non-zero 359 

threshold voltage. As a confirmation, at the onset of the saturation regime (VDS = 30 V), an r up to ~ 82% is 360 

extracted, due to a reduced threshold voltage of VTh = 14 V. Moreover, a notable µeff value of ≈ 4 cm2/Vs is 361 

obtained at VDS = 60V (r = 65%, µsat = 6.1 cm2/Vs). It is worth highlighting that the high reliability values for 362 

films annealed at T2 compare well to those obtained with polymeric p-type counterparts and, remarkably, 363 

with small molecule thin films and single crystal based devices, leading to impressively high effective 364 

mobilities.27, 63, 64, 65 When films are subjected to a temperature above melting (T3), the mobility drastically 365 

decreases to 10-2 cm2/Vs and a strong VGS dependence of the mobility is observed. Such electrical behavior is 366 

in agreement with increased microstructural/conformational disorder and consequently strong DOS 367 

broadening as suggested by the above optical and microstructural characterization. 368 

 369 

2.6. Variable temperature FETs electrical characterization 370 
 371 
It has been predicted that for charge mobility values exceeding 1 cm2/Vs, the transport regime must clearly 372 

deviate from a thermally activated mechanism, typically observed in most polymer semiconductors.6 In order 373 

to get insight into the transport mechanism that is operative in aligned films of PThDPPThF4, we performed 374 

electrical characterization at variable temperature (Figure 7). In the notable case of films annealed at T2, the 375 

µperp vs. 1/T plot can be well described by an Arrhenius dependence over the entire temperature range, with 376 

an activation energy Ea of ≈100 meV at any VGS employed for mobility extraction (Figure S30). Differently, 377 

at sufficiently high VGS, µpara is constant down to 280 K. This observation is reproducible in different devices 378 

and with different dielectrics (see Figure S31) and reveals a temperature range in which transport is not 379 

thermally activated, suggesting a transition to a band-like regime. For temperatures below 280 K, thermally 380 

activated transport is instead observed with Ea = 61 meV. Within the thermally activated low temperature 381 
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range, a reduced Ea is found (from 61 meV to 31 meV) when a low-κ dielectric layer like Cytop (κ = 2.1) is 382 

employed instead of PMMA (κ = 3.6), indicating a dielectric-induced dipolar disorder effect on the DOS, 383 

dominating low temperature operation.66, 67, 68, 69, 70, 71, 72 Overall, according to a mobility edge model, a 384 

scenario is suggested where shallow traps dominate below a threshold temperature of 280 K, above which 385 

thermal fluctuations enable charge releasing to extended mobile states.61 Data on films annealed at T1 and T3 386 

are also displayed in Figure 7. For both temperatures, purely thermally activated transport is found over the 387 

entire temperature range investigated, with extracted activation energies of ≈140 meV and ≈100 meV for T3 388 

and T1, respectively.  389 

 390 

 391 
Figure 7: Mobility as a function of temperature. Comparison of µpara/µmax vs. 1/T from the OFETs of this 392 

work in the direction parallel to backbone alignment. 393 

 394 

 395 
2.7. Charge Modulation Spectroscopy and Microscopy 396 
 397 
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  398 
Figure 8: Charge modulation micro-spectroscopy. Normalized CMS spectra of PThDPPThF4 in the high 399 

energy range (from 1.7 to 2.15 eV) (b) and low energy range (from 0.5 to 1.55 eV) (c); (c) CMS spectra of 400 

PThDPPThF4 annealed at T1, T2 and T3, driven at VGS = 20 V; normalized optical density spectra (dashed 401 

lines) are also reported; 20 × 20 µm2 polarized CMM maps with the indication of the polymers backbone 402 

orientation (d,e) and the relative degree of orientational order (f,g) of PThDPPThF4 films annealed at T1 (d,f) 403 

and T2 (e,g). 404 

 405 

Charge modulation spectroscopy (CMS) was employed to investigate charge induced optical signatures (i.e. 406 

polaronic relaxations) in FETs of PThDPPThF4. The ΔT/T spectra obtained in FETs with active layers 407 

annealed at the different temperatures show all a positive bleaching signal between 1.55 eV and 2.0 eV. This 408 

signal is composed of two positive peaks at 1.6 eV and 1.75 eV, and a shoulder peaking at around 1.9 eV. 409 

Furthermore, two main negative contributions at lower energies in the near infra-red (NIR) region are found: 410 

a narrow one, peaking around 1.55 eV, overlapping with bleaching, and a much broader band having defined 411 

peaks at 0.9 and 1 eV (Figure 8a,b). Downstream interpretation of the CMS spectra allows to confidently 412 

associate ΔT/T < 0 signals to polaronic optical transitions and ΔT/T > 0 to the bleaching of ground-state 413 

absorption. Negligible electro-absorption effects are present, as detailed in the SI, where an accurate 414 

investigation aimed at evaluating the presence of a Stark effect due to electric field modulation within the 415 

semiconductor is reported. While the positive peaks at 1.6 eV and 1.75 eV clearly correspond to the 0-0 and 416 

0-1 vibronic transition bands of UV-vis spectra and thus are related to crystalline regions, the shoulder at 1.9 417 

eV corresponds to the optical response of the non-aggregated phase within the solid films. Interestingly, the 418 

0-0 and 0-1 bands prevail also in films processed at T3, where the bulk optical density is instead totally 419 

dominated by the high energy transitions of the amorphous-like phase (Figure 8c). Thus, even in highly 420 

disordered films, charges preferentially select the smaller energy gaps of the residual ordered phase. 421 

Nevertheless, it may also indicate some segregation of the residual crystalline phase on the top surface of the 422 

film, as also suggested by NEXAFS analysis. 423 
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The relative intensities of polaronic bands at 1.55 eV and ~1.0 eV strongly depend on the annealing 424 

temperature and thus on the microstructure. Films annealed at T3, which show the highest structural and 425 

conformational disorder and display the strongest thermal activation of transport, exhibit the highest charge 426 

absorption around 1.0 eV, comparable to the 1.55 eV absorption. Annealing at T2, where the highest order 427 

and the best transport properties are found, leads to the lowest absorption around 1.0 eV, with a strong 428 

prevalence of the band at 1.55 eV. The spectra signatures of films annealed at T1 are in between the two 429 

previous cases, consistently with mild thermal activation of transport.   430 

The bleaching at 1.9 - 2.0 eV increases going from efficient transport (T2) to inefficient transport (T3). 431 

Indeed, with increasing disorder of the film, the disordered phase is necessarily more involved, leading to 432 

larger energy barriers for transport. 433 

By combining CMS with a confocal microscope (charge modulation microscopy, CMM), using a polarized 434 

probe and fixing the energy at the bleaching main peak (1.6 eV), it is possible to map the orientation of 435 

ground state transition dipole moments within the FETs channel. The degree of orientational order DO can 436 

be extracted for each pixel using the methodology described in Ref.73. A comparison of maps obtained from 437 

films annealed at T1 and T2 (Figure 8 d to g) highlights a high degree of molecular alignment in both cases. A 438 

marked increase in DO is measured in the case of T2 annealed films (DO = 0.98 at T2 vs. DO = 0.89 at T1), in 439 

agreement with the relative improvement of transport properties and with a picture of stronger 440 

interconnectivity of the ordered phase in the chain alignment direction upon annealing within the melting 441 

endotherm. 442 

In summary, a clear correlation can be observed between CMS spectra and film transport properties, 443 

consisting in an increased charge absorption of strongly relaxed polarons at 1 eV, and non-aggregated phase 444 

(high energy) bleaching contributions going from temperature independent to strongly thermal activated 445 

transport. This unequivocally indicates that the disordered phase located in between the crystalline domains 446 

constricts charge transfer through more relaxed/localized states and thus overall limits electron transport. On 447 

the contrary, annealing at T2 increases the dimensions of crystalline domains up to a level where electrons 448 

can travel along such crystalline pathways, and thus bypass the disordered phase.  449 

 450 

2.8. DFT calculations for neutral and charged oligomers and aggregates 451 

Single chain DFT calculations were performed to get insight into the predicted molecular conformations of 452 

PThDPPThF4. The torsional conformation subspace was investigated, namely the dihedral angles δ1, δ2,  453 

connecting the Th and DPP units, and δ3, which connects the Th and F4 units (Figure 9a). A tetramer (n = 4) 454 

was considered representative for the polymer chain. The dihedral conformation space was further simplified 455 

for computational reasons, considering the conformations belonging to the angles δ and 2π - δ as 456 

energetically equivalent. In Figure 9a the two most stable DFT optimized oligomer structures are reported, 457 

namely conf-1 and conf-2. They are characterized by δ3 in a syn- and anti-conformation respectively, with δ1 458 

and δ2 featuring the sulphur of the Th unit on the same side as the lactam-N of the DPP unit. To note, conf-1 459 

and conf-2 are mostly degenerate (in vacuum) and their energy difference falls within the DFT accuracy (< 460 
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0.01 kcal/mol). We further explored the conformational space by combining δ1, δ2 and δ3, the results are 461 

reported in SI (Section 2.14). The first class of conformers (referred to as conf-n, Figure 9a) that are the most 462 

stable and the closest in energy to conf-1 and conf-2 are characterized by the sulphur of the Th unit pointing 463 

to the carbonyl-O of the DPP unit and have an energy difference higher than 10 kcal/mol (with respect to the 464 

most stable conformers). These computational findings support structural analysis by solid state NMR. As 465 

evident by the NMR results, solid state effects cause a stabilization of conf-2 (i.e. δ3 = anti-) rather than conf-466 

1, therefore the latter was not further considered. 467 

Starting from conf-2 oligomer, physical (van der Waals) dimers (i.e. aggregates) were optimized to calculate 468 

the most stable packing structure and the inter-molecular interactions at the molecular scale. Two dimers 469 

were investigated, as reported in Figure 9b, called H- and J-dimer due to their face-to-face (co-facial) or slide 470 

packing, respectively. The J-dimer is energetically more stable by 5 kcal/mol than the H-dimer. In the J-471 

dimer, there is a slide-packing interaction (i.e. DPP unit of one chain interacting with the thiophene ring of 472 

the other chain) and the computed intermolecular distance is of 3.439 Å. In the H-dimer, there is a cofacial 473 

interaction (i.e. DPP unit of one chain interacting with the DPP of the other) and the intermolecular distance 474 

computed is 3.410 Å.  475 

Also for the case of the dimer, the computational findings support the NMR observations, namely a polymer 476 

stacking configuration that does not involve any cofacial, H-type stacking of the PThDPPThF4 polymer 477 

chains rather than J-type stacking. 478 
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 479 
 480 

 481 

Figure 9: Calculated minimum energy conformations. a) Dihedral angles investigated for the 482 

conformational analysis; most stable conformers (conf-1, conf-2 and conf-n) derived from DFT (ω-B97X-483 

D/6-311G*) calculations and computed enthalpy differences. Owing to the simplification of the 484 

conformation space, for δ1,2, conformers characterized by the sulphur of the thiophene rings pointing toward 485 

the nitrogen heteroatom or toward the oxygen were considered. Analogously, for δ3, we considered the so-486 

called syn- and anti- conformations, namely the two Th units, as separated by the F4 unit, in syn- or anti- 487 

conformation with each other.  b) DFT optimized H (up) and J (down) dimers end the respective enthalpy 488 

difference. 489 

 490 

We then computed the structure and the optical properties of the most stable PThDPPThF4 charged single 491 

chain oligomer and dimer by means of DFT and TD-DFT calculations in the unrestricted scheme (UDFT and 492 

TD-UDFT). From the analysis of the structural relaxations and polaron spin density delocalization, the 493 

polaron is localized over three repeat units in the charged oligomers regardless of the conformer considered 494 
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(see SI Figure S37-S38).74, 75, 76 By considering the most stable charged dimers instead, H- and J-type 495 

stacking results in different spin delocalization. In the H-type dimer, the spin is mainly localized on a single 496 

chain featuring a prevalent intra-molecular character, whereas in the J-type dimer the polaron spin density is 497 

inter-molecularly delocalized, as reported in Figure 10. Figure 10 includes also the TD-DFT polaron optical 498 

transitions for the three cases, namely the oligomer, H- and J-type dimer. Care should be taken regarding 499 

band assignments because TD-DFT calculations of charged conjugated species can drastically underestimate 500 

the energy of each electronic transitions (although this effect should be alleviated by using range-separated 501 

functionals, as the one considered here).77 Moreover, the band intensity can also be miscomputed, especially 502 

for high energy and/or diffuse (Rydberg character) excited states.78, 79, 80 However, the low energy transition 503 

range can be confidently assigned and compared with the experimental CMS transitions. Both the oligomer 504 

and the dimers show low energy polaron transitions in the 0.6 - 0.9 eV region. For the oligomer we 505 

computed one intense band at 0.82 eV, mainly related to the (highest) SOMOα to the (lowest) SUMOα 506 

transitions. The H-dimer features the same polaron transition, however with a reduced oscillator strength 507 

than the oligomer. For the J-dimer, the transition is computed relatively red-shifted with respect the two 508 

previous cases, at 0.79 eV, with a lower oscillator strength with respect to the oligomer case.  509 

In summary, three observations are drawn: i) single chains show a more intense low energy polaron 510 

transition than aggregates; ii) for those aggregates where the polaron spin density is localized on one chain  511 

(i.e. H-type), the low energy optical transition has the same energy as in the single chain case, and iii) for 512 

those aggregates featuring an inter-molecular delocalization of the polaron (i.e. J-type), the low energy 513 

optical transition is red-shifted.  514 

The computed band at 0.8 eV can be assigned to the CMS band observed in the NIR region around 1.0 eV. 515 

For the case of T3 processed films, the optical behavior is associated with the characteristics of a single chain, 516 

therefore the intensity of the 1.0 eV polaron band is higher than that of the more crystalline films. For the 517 

case of T1 or T2 annealed films, namely those with an extended degree of order and/or crystallinity, the 518 

intensity of the NIR band around 1.0 eV is partially quenched by inter-molecular interactions and spin 519 

delocalization, as computed for the dimeric aggregates.  520 

The assignment of the CMS band at 1.55 eV is however not straightforward. TD-DFT calculations on 521 

charged dimers predict a polaron transition at 1.0 - 1.1 eV and at 1.18 eV for the single oligomer. These 522 

bands, most probably underestimated in energy, might be tentatively assigned to the observed band at 1.55 523 

eV. For such computed transitions, the oscillator strength is higher for the dimers than for the oligomer. This 524 

observation correlates with the observed behavior for the CMS band at 1.55 eV, which shows a higher 525 

intensity for T2 and T1 with respect to T3 annealed films.  526 

Therefore, DFT calculations predict a J-dimer (i.e. the most stable computed aggregate structure) that 527 

features an inter-molecular polaron spin delocalization, with the low-energy optical transition at 0.8 eV 528 

showing a lower oscillator strength than the one computed for the single chain. The higher energy polaron 529 

optical transition is computed at 1.0 eV, featuring a higher oscillator strength than for the oligomer. These 530 

observations suggest that the CMS bands are probing polaron species, which, for the cases of T1 and T2 531 
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annealed films, are inter-molecularly delocalized, recalling similar observations for polycrystalline small-532 

molecule films based on TIPS-pentacene.81 533 

 534 
Figure 10: Spin density distribution. a) Computed UDFT (ω-UB97X-D/6-311G*) spin density for the 535 

charged (-1) species of the single chain (i.e. conf-2) and H- and J- dimers (both alpha and beta spin density 536 

are highlighted in grey, isosurface values 0.0003). b) Computed TD-UDFT optical polaron transitions for 537 

single chain (red), H- (green) and J-dimer (cyano). 538 

 539 

3. Conclusions   540 

We have shown that combined uniaxial alignment and rationally selected thermal annealing procedures of 541 

films of PThDPPThF4 strongly enhance field-effect transistor properties, culminating in a thermally 542 

independent transport regime close to room temperature. Fast scanning calorimetry probes thermal 543 

transitions in thin films and allows the selection of three characteristic annealing temperatures: T1 below, T2 544 

within and T3 above the melting temperature Tm. The results collected from FSC, optical and structural 545 

characterization can be rationalized as follows. Upon uniaxial alignment through solution processing and 546 

mild annealing (T1), films with a relatively high crystalline content and a well-defined supramolecularly 547 

oriented organization are obtained. Annealing within the melting temperature range and near Tm (T2), causes 548 

a fraction of thinner crystals to melt. Non-molten domains retain the orientation gained from directional 549 

processing, and grow parallel and perpendicular to the chain direction. As a result, upon T2 annealing, 550 

oriented crystalline lamellae of increased thickness are observed. Compared to T1 and T2 treated films, 551 

melting at T3 erases thermal history and chain orientation. Subsequent crystallization and solidification from 552 

the melt leads to a reduced amount of crystals and more amorphous films. These crystals are smaller and 553 

randomly oriented, and characterized by a larger average π-stacking distance owing to higher conformational 554 

disorder. A sketch of the structural modification upon the different annealing conditions is proposed in 555 

Figure 11. 556 

Charge modulation spectroscopy measurements indicate that charged states characterized by strongly 557 

different energetic relaxation are involved in electron transport. More relaxed states, linked to higher 558 
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transport barriers, are associated with the non-aggregated, disordered domains, while less relaxed states, 559 

linked to lower transport barriers, are associated with the more ordered, crystalline domains. The relative 560 

contribution of molecularly ordered and disordered regions to transport is manipulated using different 561 

thermal treatments, resulting in different degrees of energetic disorder within FETs and thus in a strong 562 

modulation of the thermal barriers to electron transport. A transport improvement with lamellar thickening, 563 

obtained upon annealing at T2, is generally expected in semicrystalline polymers,82 but it has been rarely 564 

demonstrated,83, 84 especially in solution processed films and FET architectures. Owing to the retention of 565 

backbone orientation upon annealing at T2, we were able to observe that energetic barriers for charge transfer 566 

are strongly reduced exclusively in the direction of chain alignment, where effective interconnectivity of 567 

ordered regions can be more easily gained, leading to temperature-independent electron transport near room 568 

temperature.  In contrast, in the direction perpendicular to the backbone, thermal charge transport barriers are 569 

independent whether the material is annealed at T1 or T2, which is not surprising as in the π-stacking 570 

direction coherence length is much smaller in any case. Combining thermal, structural, optical and electrical 571 

characterization with computational investigation, a picture can be drawn, in which PThDPPThF4 crystalline 572 

domains are energetically highly ordered and allow for superior electron coupling, up to inter-molecular 573 

charge delocalization, in virtue of chains co-planarity and, as suggested by ab-initio computation, J-type 574 

aggregation. Moreover, efficient transport through interconnected crystalline domains via chain extended 575 

molecules, assisted by the increased co-planarity of molecules upon annealing at T2, is needed to realize the 576 

observed improvement in FET charge transport, characterized by high and temperature independent electron 577 

mobility. Insufficient interconnection of crystalline domains limits instead transport in films annealed at T1, 578 

and even more drastically in films processed at T3, dominated by disorder. 579 

In conclusion, for a low-molecular weight, high performance electron transporting copolymer, synthesized 580 

free of homocoupling defects by a simple direct arylation polycondensation protocol, we have identified key 581 

parameters required to induce a transition from thermally activated to temperature independent and charge 582 

density independent, single crystal like electron transport. The microstructure needed for such transport 583 

behavior is characterized by i) a crystalline phase with planar molecular conformation, which is the low-584 

energy phase selectively populated by charges, along with ii) a molecular J-like packing, allowing for charge 585 

delocalization across different chains within such phase and iii) an efficient inter-crystallite transport, 586 

allowing  to bypass the high-energy disordered phases present in the film. These results rationalize the link 587 

between complex, semicrystalline polymer thin film microstructure and more efficient charge transport 588 

beyond thermally activated regimes. As such, they can pave the way for a new generation of higher 589 

performance polymer electronics, suitable for a wider range of applications, such as ultra-high resolution 590 

displays and wireless communications, currently not accessible because of limited carrier mobilities. 591 
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592 
Figure 11: Structure-transport property relationship. a) Proposed sketch for the changes in the functional 593 

morphology, i.e. the morphology of the molecules involved in charge transport, of PThDPPThF4 films upon 594 

annealing at T1, T 2 and T 3; thicker lines represent crystalline polymer segments; brighter areas evidence 595 

superior electron coupling. b) Proposed energetic diagram describing transport within films annealed at T1, T 596 

2 and T3. According to a mobility edge model, the energy barrier for charge transport is defined as the 597 

difference between the mobility edge and the energy of localized states. The DOS tail variation induced by 598 

the applied thermal annealing allows for a modulation of transport barriers: thermal annealing at T2 leads to 599 

energy barriers inferior to kBT, i.e., around room temperature thermal fluctuations enable charge releasing 600 

from shallow traps to extended mobile states.  601 
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